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Abstract 
State of the art thermal barrier coatings (TBCs) for gas turbine applications comprise 
(7 wt.%) yttria partially stabilized zirconia (7YSZ). 7YSZ offers a range of attractive functional 
properties – low thermal conductivity, high thermal expansion coefficient and high in-plane 
strain tolerance. However, as turbine entry temperatures are raised, the performance of 
7YSZ coatings will be increasingly affected by sintering and environmental contamination, by 
calcia-magnesia-alumina-silica (CMAS) deposits. 
The effect of sintering-induced stiffening on the driving force for spallation of plasma-
sprayed (PS) TBCs was investigated. Spallation lifetimes of TBC specimens sprayed onto 
alumina substrates were measured. A simple fracture mechanics approach was employed in 
order to deduce a value for the strain energy release rate. The critical strain energy release 
rate was found to be constant, and if this value had been known beforehand, then the 
rationale presented here could be used for prediction of coating lifetime. 
The effect of vermiculite (VM) and volcanic ash (VA) contamination on the 
sintering-induced spallation lifetime of PS TBCs was also investigated. The presence of both 
VM and VA was found to accelerate the rise in their Young’s modulus with sintering. 
Spallation results show that coating lifetime may be significantly reduced, even at relative 
low addition levels, due to the loss of strain tolerance caused by the penetration of glassy 
deposits. This result gives a clear insight into the role CMAS plays in destabilizing TBCs.  
Finally, the adhesion characteristics of ingested volcanic ash were studied using a small 
jet engine. The effects of engine speed and particle size were investigated. Deposition on 
turbine surfaces was assessed using a borescope. Deposition mainly occurred on the nozzle 
guide vane and blade platform. A numerical model was used to predict particle acceleration 
and heating in flight. It was observed that larger particles are more likely to adhere because 
they have greater inertia, and thus are more likely to impact surfaces. The temperature of 
the larger particles at the end of its flight was predicted to be below its softening point. 
However, since the component surface temperatures are expected to be hotter, adhesion of 
such particles is probable, by softening/melting straight after impact.  
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1.0 Introduction 
1.1 Overview 
State of the art thermal barrier coatings (TBCs) for gas turbine applications comprise 
yttria partially stabilized zirconia, with a typical composition of ZrO2 – 7±1 wt.%Y2O3 (often 
referred to as 7YSZ). 7YSZ offers a range of attractive, functional properties – (a) low (for a 
fully dense material) thermal conductivity (k ∼ 2.3±0.1 Wm−1K−1), (b) high thermal expansion 
coefficient ( ∼ 11 µstrain K−1), (c) high thermochemical stability with the thermally grown 
oxide (TGO), which is predominantly made of -Al2O3, and, most importantly, (d) high 
in-plane strain tolerance. The latter originates from its highly porous microstructure, and 
combined with the material’s relatively high fracture toughness, gives the coating superior 
durability in high temperature and severe thermal cycling conditions. 
Since its development, 7YSZ has been rapidly adopted as the preferred TBC material 
over many other candidates, although arguably its potential is yet to be fully exploited. 
Despite discoveries of lower thermal conductivity compositions, it still remains the material of 
choice due to its superior durability. However, it is also evident that the use of 7YSZ is 
limited for future generation gas turbines, notably in three aspects. Firstly, as turbine entry 
temperatures are pushed higher, the phase composition of 7YSZ (which in the as-deposited 
form mainly consists of metastable non-transformable tetragonal phase, t’) will increasingly 
destabilize into Y-rich cubic and Y-lean tetragonal phases, the latter of which is prone to 
transform into the monoclinic phase upon cooling. The transformation has an associated 
volumetric expansion of 3 – 5 wt.%, which, should it affect a significant volume of the coating, 
may be damaging to its mechanical properties. Secondly, as the operating temperatures are 
raised, 7YSZ coatings will become increasingly affected by the detrimental effects of 
sintering, such as the increase in through-thickness thermal conductivity and the in-plane 
stiffness. The former will reduce the coating’s thermal insulation capability, whilst the latter 
will compromise its strain tolerance, which has adverse effects on its durability. Finally, 7YSZ 
has limited resistance to damage caused by infiltration of molten, environmental deposits 
(sometimes collectively referred to as calcia-magnesia-alumina-silica compounds, or CMAS), 
such as sand and volcanic ash. The damage caused is twofold, firstly the infiltration of 
molten foreign deposits rapidly increases the coating sintering rate, due to a mechanism 
similar to that of liquid phase sintering. It is shown in the current study that even small 
additions of CMAS may significantly affect coating durability from accelerated stiffening and 
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in cases of heavy contamination, severe coating embrittlement. Secondly, with extended 
exposure to high temperatures in the presence of CMAS deposits, accelerated 
destabilization of 7YSZ takes place, caused by the dissolution of yttria by a silica-rich 
amorphous phase which rapidly infiltrates and diffuses into the bulk of the coating, tending to 
segregate at the grain boundaries and free surfaces. The yttria-depleted zirconia phases are 
thus prone to transform to the monoclinic phase upon cooling, an effect which is similar, but 
far more aggravated compared to the effects due to sintering alone, and may also embrittle 
the coating, eventually causing it to fail by extensive microcracking.  
The first set of results presented in this thesis concerns the effect of sintering-induced 
stiffening in promoting spallation of plasma-sprayed YSZ TBCs. Coatings were sprayed onto 
alumina substrates and were subjected to heat treatments with periodic quenching. By using 
a simple fracture mechanics approach, the strain energy release rate was obtained, using 
measured coating stiffness values. The rationale presented here could be used for the 
prediction of coating lifetime. Experimental results are also presented on the effect of 
CMAS-type contaminants on the spallation resistance. It is shown that even small amounts 
of deposits may significantly reduce the coating lifetime. Finally, data is also presented on 
the deposition behaviour of volcanic ash particulates on internal turbine surfaces of a small 
jet engine. Observations of deposition were compared with a simple numerical model for 
particle acceleration and heating, and this was studied for different particle size distributions 
and engine speeds. This work elucidates the significance of particle velocity and 
temperature on the deposition efficiency, under real life service conditions. 
The first five chapters consists of a literature review on plasma-spraying, residual 
stresses, strain energy release rate, spallation, degradation caused by CMAS deposits, 
alternative TBC compositions (including structures that mitigate CMAS attack) and 
deposition characteristics of ingested particulates carried in high speed flow inside a gas 
turbine engine. 
1.2 Thermal Barrier Coatings (TBCs) for Gas Turbine Applications 
Thermal barrier coatings (TBCs) are widely used in gas turbines for propulsion and 
power generation systems [1-8]. They comprise thermally insulating ceramic material, such 
as yttria-stabilized zirconia (YSZ), deposited onto the surface of hot engine parts. These 
parts include the combustor, stationary guide vanes, rotating blades and shrouds in the high 
pressure section behind the combustor and afterburners in the tail section of jet engines [9]. 
Typically it creates a temperature drop of ~ 150°C [8] across a coating thickness of 250 – 
300 μm, between the hot gas flow at the surface and the load bearing superalloy. Increases 
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in the turbine entry temperature allow overall higher thermal efficiency in power plants and 
aviation engines. Figure 1-1 shows technological developments over the last 50 years, which 
have facilitated higher operating temperatures. This is due to three principal materials 
developments; (a) advances in superalloy design with compositions that are highly resistant 
to creep, fatigue, oxidation and hot corrosion, (b) better casting technology, allowing 
production of single crystal blades with intricate cooling air passages and (c) the use of 
TBCs. It is clear that the implementation of TBCs in conjunction with innovative cooling 
methods have had a much greater impact on the increase in gas temperature than those 
enabled by the development of superalloys. Thus during the last 30 years many studies 
have concentrated on the development of a compliant and robust TBC system.  
 
Figure 1-1 Developments in alloy design, multi-passage cooling systems, manufacturing 
processes and TBCs that have increased the operational turbine entry temperature [9]. 
Improved performance of TBCs, and hence lower metal temperature, offer the potential 
to increase component durability (by reducing effects of fatigue, creep rupture and chemical 
attack), to reduce cooling air and to achieve further efficiency gains. However, such 
efficiency gains rely on the durability and predictability of TBC performance in increasingly 
harsh operating conditions. Thus, it is imperative that their basic thermomechanical 
behaviour in service is well understood. 
A typical thermal protection system consists of four layers; the TBC (top coat), the 
thermally grown oxide (TGO), metallic bond coat (BC) and the superalloy substrate. The 
TBC provides thermal insulation, whilst the function of the BC and TGO is to improve coating 
adhesion and to act as a diffusion barrier preventing oxidation of the underlying superalloy. 
The TGO is a reaction product, the formation of which is facilitated by the fact that the TBC 
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is transparent to oxygen [10, 11]. Each of these layers behaves in a dynamic and interactive 
way, making it a complex composite system. Table 1-1 summarizes the function, common 
composition and deposition methods employed for the main constituents. Figure 1-2 shows 
a schematic illustration of the thermal barrier system on a turbine blade. 
Layer Function Main Properties Material 
Deposition 
process 
TBC 
Thermal insulation, 
reduces metal 
temperature 
High strain tolerance, 
low thermal conductivity 
YSZ 
APS/  
EB-PVD 
TGO 
Reaction product of 
Al-rich BC, acts as 
oxidation barrier to 
substrate 
Dense, adherent oxide 
layer, phase compatible 
with TBC at high 
temperature. 
Mostly -
Al2O3 
- 
Bond Coat 
Improves adhesion of 
TBC, oxidation 
protection of substrate 
Oxidation resistant 
MCrAlY*/ 
PtNiAl 
VPS/ LPPS/ 
EB-PVD 
Superalloy 
Takes structural 
loading 
Creep, fatigue, oxidation 
and hot corrosion 
resistant 
Ni-base 
superalloy 
- 
Table 1-1 Summary of functions, properties, common material and deposition methods of 
TBC system constituents.*M refers to a metallic element, typically one or two of Co, Ni or Fe. 
 
Figure 1-2 Schematic illustration of EB-PVD TBC, TGO, bond coat on a turbine blade [5]. 
1.2.1 Top Coat 
The TBC should ideally be strain-tolerant. It is designed to avoid delamination or 
“spallation” due to thermal expansion mismatch between itself and the substrate. Today, 
zirconia ZrO2 is by far the preferred material, stabilized into its cubic/tetragonal phases by 
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the addition of yttria in solid solution. This material is often referred to as yttria-(partially) 
stabilized zirconia (YSZ or Y-PSZ). Many studies have been conducted to identify alternative 
stabilizers (e.g. MgO, CeO2, Sc2O3, In2O3, Yb2O3 and CaO) and to develop co-stabilized (i.e. 
with Y2O3) coatings [3, 5, 12-15], but 7 – 8 wt.% YSZ has consistently been found to be most 
suitable for TBC applications. YSZ has several characteristics that make it difficult to 
displace. YSZ offers intrinsically low thermal conductivity (achieved by the addition of yttria, 
by introduction of more oxygen vacancies), has relatively high fracture toughness, is 
thermodynamically stable in contact with alumina and has a thermal expansion coefficient 
close to that of the metal substrate (see Figure 1-3). The latter helps to minimize the 
differential thermal contraction stresses during service [10, 16-18]. It is also imperative for it 
to have a low through-thickness thermal conductivity (~ 1 W m-1 K-1 for plasma-sprayed YSZ 
and ~ 1.8 W m-1 K-1 when deposited by EB-PVD [19, 20]) which is stable in the temperature 
range in which the gas turbine operates [10]. YSZ may also be easily deposited, either by 
plasma-spraying or by electron beam deposition techniques without any significant loss of 
components (as the vapour pressures of ZrO and YO are comparable [3]). On rotating 
components, particularly for aviation engines, the thickness of the TBC layer is important. It 
must be sufficiently thick to produce the desired temperature drop, whilst thin enough to 
avert excessive inertial loads. For aerospace applications, top coat thicknesses range from 
100 – 250 µm, whilst for stationary components, such as in shrouds and combustors, the 
choice is typically 500 µm – 1 mm [21]. 
 
Figure 1-3 Thermal expansion coefficient against bulk thermal conductivity for TBC system 
constituents [10]. 
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The YSZ, when it is in the form of the t’ metastable phase (achieved via various 
deposition techniques) is experimentally proven to exhibit superior fracture toughness and 
erosion resistance, compared to many other engineering ceramics [9]. This is attributed to a 
mechanism called ferroelastic toughening [21-24]. It is postulated that unlike other 
transformation toughened ZrO2 based ceramics, the toughness of 7YSZ does not arise from 
the martensitic transformation (from the tetragonal to the monoclinic phase) but from 
ferroelastic domain switching from one tetragonal variant to another when stressed. 
Ferroelastic toughening mechanism can also operate at high temperatures (such as those 
encountered by gas turbines in service), unlike phase transformation related toughening.  
1.2.2 Bond Coat and TGO 
The chemistry, surface roughness and microstructure (and hence its process 
parameters) of the bond coat all influence the TBC durability, mostly by affecting the 
morphology and thus the fracture energy of the TGO/BC interface. There are two main 
categories of bond coats. Firstly, there is the NiCoCrAlY overlay system [25], which is 
commonly deposited through low pressure plasma-spraying (LPPS), with thickness in the 
range 150 – 250 μm. It results in several phases, the main constituents being β-NiAl, γ-Ni 
solid solution or γ’-Ni3Al. The Y (or other reactive elements such as Hf) is added in low 
concentrations (< 1 wt.%) to act as a sulphur getter, which diffuses to the BC/TGO interface 
and forms stable sulphides. Sulphur, even when present in very low concentrations, as low 
as < 1 ppm, is known to segregate at the oxide/metal interface, which compromises TGO 
adherence, possibly by decreasing chemical bond strength or introducing voids [26-29]. 
Much of the sulphur embrittlement is suppressed by the Y addition and uniform dispersion of 
such reactive elements is achieved via both PS and PVD methods for optimal alumina scale 
adhesion.  
The second category of bond coats consists of Pt-modified diffusion aluminide, which is 
created by electroplating a thin layer of Pt onto the superalloy and then aluminizing it, 
resulting in a thickness of around 30 – 50 μm. They consist mainly of β-alumina with Pt solid 
solution. It is widely accepted that the presence of Pt mitigates the embrittling effect of S and 
hence improves TBC lifetime. While reactive elements such as Y and Hf segregate along 
grain boundaries and encourage slow upward Al diffusion to induce uniform production of 
-Al2O3, Pt does not directly affect TGO growth rate, nor the resulting morphology and 
microstructure. Instead the presence of the Pt slows down the interdiffusion of transition 
elements from the superalloy, particularly Ti, Re and W, and reduces the activation energy 
for upward Al and downward Ni diffusion (hence reducing interfacial void formation) [29, 30]. 
Activation energy calculations conducted by Marino et al. [31] on the interdiffusion 
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mechanisms of Al and Ni agrees with experimental observations that TBC lifetime is 
significantly improved by the presence of Pt, by maintaining a high level Al concentration at 
the interface for sustained formation of the alumina scale. 
The thermally grown oxide (TGO) is a reaction product between the BC and the 
combustion gases, and is initially of order ~ 1 μm thickness. The bond coat is rich in Al in 
order to preferentially produce a protective α- Al2O3 scale. Whilst oxygen can readily ingress 
the TBC [11], α-Al2O3 has a low oxygen diffusivity, which improves TBC adherence. Alumina 
is also known to be highly resistant to high temperature type I hot corrosion [32] and it also 
effectively heals, should spallation occur. To achieve the protective requirements, the BC 
must serve as a chemical reservoir for TGO formation, as well as a diffusion barrier or 
diffusion sink for any deleterious refractory elements from the superalloy substrate that may 
degrade the bond-coat properties or the bond coat-TGO interfacial fracture properties [33]. 
1.3 Coating Deposition Techniques 
Two methods are currently used to deposit TBCs, namely plasma-spraying (PS) and 
electron beam-physical vapour deposition (EB-PVD). EB-PVD involves the evaporation of an 
ingot by heating with a high energy electron beam. The vapour, containing the coating 
molecules, is then directed towards a pre-heated target, at a deposition rate of typically 4 – 
10 μm min-1 [6]. EB-PVD creates a columnar grain structure with multi-scale porosity (Figure 
1-4(b)), providing excellent in-plane strain tolerance and surface finish of around 1 – 5 μm Ra.  
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Figure 1-4 Schematic microstructures of (a) plasma spray (PS) and (b) EB- PVD TBCs [34]. 
The plasma-spraying process is the more cost effective of the two. The process results 
in a highly anisotropic structure containing a network of inter/intra-splat voids, making it very 
compliant (Figure 1-4 (a)). In order to control the pore scale and oxide inclusions within the 
coating, it is also possible to plasma-spray in reduced pressure of inert atmosphere. For both 
types of coating, after prolonged exposure to high temperatures, sintering reduces fine scale 
porosities, which results in increased stiffness and thermal conductivity.  
1.3.1 Plasma-Sprayed (PS) Coatings 
A schematic of a typical plasma spray gun is shown below (Figure 1-5). The basic 
operation is by creation of a plasma stream, into which the feedstock material is introduced 
through the powder port. It is then projected towards a substrate in molten form, where it 
impacts and solidifies, creating overlapping “splats”, thus coating the substrate. The spraying 
may be conducted in air (APS), low pressure (LPPS) or vacuum (VPS). The resulting 
microstructure consists of lamellar splats of diameters 100 – 200 μm and thicknesses 2 – 
8 μm, formed by rapid solidification, characterised by columnar grains within each splat 
parallel to the spray direction [35]. Plasma-spraying is a very versatile process, since 
coatings of many material types may be deposited, including metals, ceramics and 
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composites. Typically, static components, such as combustor cans, vane platforms and also 
blades in the hot section of stationary gas turbines are coated with PS TBCs. 
 
 
Figure 1-5 Schematic of plasma spray gun 
PS coatings consist of a layered structure that is highly anisotropic, with splats 
orientated parallel to the substrate interface. PS coatings in the as-sprayed state have a low 
global in-plane stiffness and through-thickness thermal conductivity (typically around 10 – 
70 GPa and 1 W m-1 K-1) compared to that of bulk YSZ ( ~ 220 GPa and ~ 2.5 W m-1 K-1) 
owing to its porous and layered microstructure. The low stiffness in the as-sprayed state 
means it has a high strain tolerance and any residual stresses that develop during service 
tend to be low. Figure 1-6 shows a typical as-sprayed microstructure. Pores of varying size 
and shape are seen both between and within individual splats. They are referred to as inter-
splat and intra-splat voids respectively.  
 
Figure 1-6 Pore architecture in plasma-sprayed coating. Showing spray direction [36] and 
fractured cross section [37]. 
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Two recent developments in PS technology are notable. The first of these are the dense, 
vertically cracked (DVC) TBCs, wherein the presence of large through-thickness cracks 
mimics the segmented and columnar microstructure of EB-PVD coatings. The idea is to 
improve their strain tolerance. However, its overall denser microstructure (with significantly 
reduced small scale porosity) means a penalty incurs in the thermal insulation capacity, 
although its erosion resistance has been reported to improve slightly. Another recent 
innovation is the solution precursor plasma spray (SPPS). Solvents are fed into the plasma 
stream, which then undergo evaporation, pyrolysis and crystallisation during its flight. 
However, such developments are still in their infancy, and careful optimization of spray 
parameters is often necessary to produce a coating of satisfactory quality. It does offer the 
advantage of not requiring a powder feedstock and thus expands the scope for exploring 
complex alternative TBC compositions. Further details on the above techniques may be 
found in Section 1.3.3. 
1.3.2 EB-PVD Coatings 
The EB-PVD (electron beam-physical vapour deposition) method emerged in the 1980s. 
It involves evaporating the coating material within an evacuated chamber. The vapour 
evaporates according to a cosn characteristic in all areas of the chamber. The vapour of the 
coating material condenses onto a (preheated) substrate surface, forming a coating. If an 
oxide is being deposited, a controlled amount of oxygen may be fed into the chamber in 
order to achieve the desired stoichiometry in the coating. In order to ensure good coating 
adhesion, substrates are heated to ~ T = 0.5Tm where Tm, is the melting point of the 
deposited material [20]. In addition, substrate rotation, which causes flux shadowing, is often 
required in order to create sufficient inter and intra-columnar porosity.  
The deposition rate is lower than in plasma-spraying, usually around 4 – 10 µm min-1 [6]. 
Figure 1-7 shows a typical cross sectional microstructure of a 7YSZ EB-PVD TBC, with the 
underlying TGO. Its microstructure, consisting of poorly bonded columns aligned 
perpendicular to the substrate surface, confers a high level of in-plane strain tolerance 
compared to plasma-sprayed coatings. EB-PVD coatings are thus generally observed to 
have improved spallation lifetime, and therefore are favoured in aerospace applications, 
particularly in smaller, moving components, which are subject to high temperatures and 
rapid thermal cycling. Thermal conductivity values, on the other hand, are reported to be 
significantly higher than their APS counterparts. This is because their large intercolumnar 
pores are not so effective in impeding heat flow, and they do not have as many pores that 
are inclined perpendicularly to the heat flux. Typical thermal conductivity values for EB-PVD 
coatings are 1.5 – 2.0 W m-1 K-1 [5]. Surface roughness values in the as-deposited state are 
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typically Ra ~ 1 μm, as opposed to Ra ~ 10 – 20 μm for PS coatings. This has obvious 
aerodynamic advantages and eliminates the need for final polishing stages. In addition, the 
EB-PVD process deposits with minimal closure of cooling holes (0.25 – 0.5 mm diameter) in 
aerofoils and therefore requires less subsequent conditioning [1]. The high investment costs 
and low deposition efficiency of EB-PVD coatings, however, does make it a comparatively 
expensive process. 
 
Figure 1-7 Cross sectional image of 7YSZ EB-PVD TBC [38]. 
Mechanisms responsible for the different types of porosity present in EB-PVD coatings 
have been elucidated [39]. It has been shown that the shadowing effect plays a critical role 
in creating the anisotropic textures in the columnar coatings. This is because the 
microstructure is sensitive to the complex interactions between the local vapour flux and the 
geometry of the component [14]. Such findings expand the scope for further process 
optimization in order to achieve desired microstructures. 
There have been some innovations to the EB-PVD technology which produces coatings 
with a modified structure, one such modification is known as directed vapour deposition 
(DVD) [20, 40]. This method uses a transonic inert gas jet, into which the vapour plume is 
entrained and deposited onto a substrate, thus significantly improving the deposition 
efficiency. The interaction between the jet and the substrate results in oblique angle impacts, 
which causes growth of highly porous, columnar coatings. The motivation behind this 
technique was to optimize the pore distribution and architectures in order to improve on 
thermal insulation capabilities, whilst maintaining high in-plane compliance. Hass et al. have 
also demonstrated that by using DVD and also alternating the incline of the substrates 
between two fixed angles during deposition, “zig-zag” shaped pores may be created (Figure 
1-8). Such structures were reported to have thermal conductivity values as low as 
0.8 W m-1 K-1 [20], which are comparable to PS coatings. 
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Figure 1-8 Micrographs of EB-DVD coating cross sections. The columns in (a) are aligned 
perpendicular to the substrate. In (b) the columns are aligned at 45° to the substrate normal. 
In (c)–(d) coatings with “zig-zag” column morphologies are shown with varying wavelengths 
[20]. 
1.3.3 Novel Deposition Techniques 
In recent years, a technique called plasma spray-physical vapour deposition (PS-PVD) 
has been reported to produce strain-tolerant microstructures, with lower thermal conductivity 
and higher deposition efficiency, which in effect combines the desirable characteristics of 
both EB-PVD and PS techniques. PS-PVD uses a high energy plasma gun operated at 
working pressures below 2 mbar [38]. This allows for the possibility to, not only build up a 
coating from liquid splats, but also by vaporizing the injected material, which is carried by a 
supersonic plasma plume. The plasma jet forces the evaporated material around complex 
geometry parts, such as multi-airfoil turbine vanes, allowing for even shadowed areas to be 
coated, whilst maintaining a columnar microstructure (see Figure 1-9). Coatings produced by 
PS-PVD, with careful optimization of deposition parameters, have been reported by von 
Niessen et al. [38] to exceed the spallation resistance of conventional EB-PVD coatings, 
offer lower conductivity, > 1 W m-1 K-1 [41] and achieve deposition rates over ~ 10 µm min-1. 
Their erosion resistance was found to be lower than EB-PVD coatings, but comparable to 
that of conventional PS TBCs. 
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Figure 1-9 Optimized microstructure of PS-PVD coating [38] 
Other deposition techniques involve thermally spraying using a liquid carrier. There are 
two ways in which this is possible, either by injecting (a) precursors in solution (or sol-gel in 
colloidal solution) or (b) a suspension of submicron particles [42] into the plasma plume. The 
former technique is often referred to as SPPS (solution precursor plasma spraying) and the 
latter SPS (suspension plasma spraying). In SPPS, an aqueous chemical precursor 
feedstock is injected into the plasma jet [43], followed by rapid solvent evaporation, pyrolysis 
and crystallization, which may occur both in flight and also on the substrate surface [14]. 
SPPS TBCs contain large vertical cracks in a porous matrix, which consists of submicron 
scale splats and, in some cases, unmelted particles that have not undergone pyrolysis 
(Figure 1-10). The large segmentation cracks impart strain tolerance and initial reports of 
durability tests suggest improved coating lifetimes, albeit only under moderate conditions 
where the maximum temperature of exposure was ~ 1121°C, compared to PS coatings [44]. 
Coating regions around the vertical cracks are relaxed, and the beneficial effect of 
segmentation cracks on coating compliance and thus lifetime has been well documented 
[45-50]. It may be expected that SPPS will not significantly improve upon EB-PVD coatings 
in terms of durability. However, SPPS coatings have potentially lower cost [43]. Their 
thermal conductivity in the as-deposited state, however, is reported to be fairly high for a 
TBC structure, due to the large proportions of densified regions which have high intersplat 
areas, measured to be around 1.2 – 1.4 W m-1 K-1 [44, 51]. It is also worth noting that, 
compared to conventional thermal spraying, the use of liquid precursors introduces far more 
complex physical processes (involving fragmentation and vaporization of liquid in plasma, 
and subsequent sintering and crystallization [42]), which requires better understanding in 
order to further optimize the spray parameters. 
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Figure 1-10 Features of SPPS TBCs, including vertical cracks, dense regions of ultra-fine 
splats, small and uniformly dispersed porosity, and unmelted particles [44] 
The SPS process also allows for highly segmented and very porous microstructures to 
be produced. In SPS, nano-sized powders in suspension are injected into the plasma, 
whereby the solvent evaporates in flight, allowing for submicron sized molten splats to 
progressively form on the substrate surface. Since the splats are much finer in scale, SPS 
coatings contain a higher fraction of submicron pores, which are mostly intersplat porosity, 
compared to standard PS coatings. SPS coatings contain a lower fraction of intrasplat 
microcracks, as splats are thinner, and it is postulated that the energy release rate during 
cooling of each splat is insufficient for crack propagation [52] within the splats. This means 
that overall tensile stress across the coating thickness, which is essential for the formation of 
segmentation cracks, may be easily built up during spraying. Due to their highly porous 
microstructure, their thermal conductivity values have been reported to be as low as 0.5 – 
1 W m-1 K-1 [53]. In addition, the large fraction of fine scale porosity and the presence of 
overspray (regions of the coating containing unmelted particles) mean that it has a higher 
specific surface area compared to their conventional counterparts. Despite the obvious gain 
in compliance due to high porosity and high density of segmentation cracks, improvement in 
its cyclic lifetime is not so obvious. Guignard et al. [53] conducted cycle tests at 1400°C, 
which show that the lifetime of SPS TBCs is about 50% lower than the standard APS TBCs. 
This is attributed to the low toughness of overspray areas and cracks may propagate from 
one such area to another. It is interesting to note that the segmentation cracks are reported 
not to heal, even when exposed to high (1400°C) temperatures, and thus the crack density 
remained fairly constant throughout cyclic heat treatment. This is why it is important to 
control the original spray parameters, in order to achieve an optimum crack density. In 
addition, experimental results from Guignard et al. show a significant drawback to SPS 
coatings, which is that their areas of submicron/nano scale porosity (with large specific 
surface area) are prone to rapid sintering when exposed to isothermal heat treatment at 
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1400°C, leading to rapid stiffening. This explains why it was observed to perform poorly 
compared to APS coatings in thermal cycling tests, hence negating the advantages of the 
presence of the segmentation cracks. This drawback is likely to similarly affect SPPS 
coatings, although at the moment there is a lack of data on cyclic lifetime tests conducted at 
high temperatures > 1200°C. 
There is, however, a major industrial advantage to using liquid carriers, which is that it 
does not require a powder feedstock. For all conventional thermal spraying methods, a 
flowable feedstock powder is necessary, which must become molten in a matter of a few 
milliseconds, without vaporizing completely, which often limits the particle size range to 
around 10 – 70 microns. Hence, both SPS and SPPS are versatile methods that allow 
spraying of new multiple compositions with submicron-sized particles at relatively low cost. 
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2.0 Residual Stress and Mechanical Properties of Plasma-
Sprayed Thermal Barrier Coatings 
PS TBCs have a pore structure, conferring good strain tolerance and thermal insulation 
capacity. The strain tolerance of TBCs, being one of the key parameters affecting their 
durability, is dependent on their mechanical characteristics, and particularly on their residual 
stress state and stiffness. Due to their pore distribution and structure, the mechanical 
behaviour is non-linear and anisotropic. This chapter explores the origins of residual 
stresses and strain energy release rate of TBCs, as well as factors which affect their 
stiffness. 
2.1 Residual Stress in PS TBCs 
It is widely recognised that residual stresses in plasma-sprayed coatings significantly 
influence the durability of TBCs and many different mechanisms have been discussed [10, 
54-58]. Considerable efforts have been made to understand and predict the development 
and interaction of stresses during production and service. They may shorten service lives 
and can result in spallation failure. Residual stresses in sprayed coatings arise from three 
main sources; quenching (of the deposits during plasma spraying), phase transformation 
(due to destabilization of zirconia) and secondary cooling, which occurs when the 
coating/substrate system with an expansivity mismatch is thermally cycled in service. Firstly, 
the three sources of residual stresses are discussed below. 
2.1.1 Quenching Stress 
Under plasma-spraying conditions, molten powder particles strike the substrate at 
velocities exceeding 100 m s-1 [59, 60]. Quenching stresses arise from the contraction of 
molten splats as they cool and rapidly solidify to the underlying substrate temperature. It only 
takes less than around a millisecond for a thin splat to solidify and cool on the underlying 
material. Thus each splat impact may be treated as a discrete event. Assuming that the splat 
behaves elastically, with perfect interfacial bonding, the maximum theoretical value of the 
quenching stress,q, is given by the expression: 
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Substituting typical values; EYSZ ~ 220 GPa (Young’s modulus of fully dense YSZ),  
d ~ 11 × 10
-6 K-1 (CTE of YSZ), T ~ 1000 K (difference in temperature between a partially-
molten splat, Td, and substrate, Ts), d ~ 0.2 (Poisson’s ratio of YSZ) gives q ~ 3 GPa, 
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which is much greater than the tensile strength of most ceramic materials. As expected, 
measured values in comparison are significantly lower (typically < ~ 150 MPa for metallic 
powders and < ~ 50 MPa for ceramic powders [59]) due to stress relaxation from extensive 
microcracking and interfacial sliding. Therefore, there is a close connection between the 
build up of quenching stress and the density of intrasplat cracks. One of the first successful 
measurements of the quenching stress of plasma-sprayed splats was conducted by Kuroda 
and Clyne [61] using in situ curvature monitoring during spraying, which generally showed 
positive dependence on substrate temperature, due to better wetting and therefore interfacial 
bonding of splats. For some splat materials, such as Ni and Al, a decrease in quenching 
stress was observed with increasing substrate temperature, and this may be attributed to 
stress relaxation from creep. It has also been shown that such measured values of 
quenching stress (for a variety of powders) were independent of substrate material [62]. This 
is because the substrate is massive and much colder than the splats, so the quenching 
stress is an indication of the degree of stress relaxation occurring within each splat. Overall, 
however, due to extensive microcracking, the quenching stress often plays a relatively minor 
role in the residual stress state of ceramic plasma-sprayed coatings. For ceramic coatings, 
the CTE mismatch with a metallic substrate tends to be rather high, and thus the thermal 
stresses generated during service (see section 2.1.3) are expected to be much more 
significant.  
2.1.2 Phase Stabilization of Zirconia and Solid State Transformations 
Pure zirconia is a polymorph that exists in three crystallographic phases at atmospheric 
pressure; the low-temperature monoclinic (m) phase, intermediate tetragonal (t) phase and a 
high-temperature cubic (F) fluorite phase (see phase diagram for yttria-zirconia system in 
Figure 2-1 [21]). Stabilization of the tetragonal phase is achieved through the addition of 
oxides, such as yttria (Y2O3), calcia (CaO), magnesia (MgO) and ceria (Ce2O) [63-65]. 
Suitable stabilizer dopants must have an appropriate cation radius (similar to that of 
zirconium). Doping stabilizes the higher temperature cubic and tetragonal phases, 
depending on the dopant concentration. Dopant concentrations of 6 – 13 wt.% stabilize the 
tetragonal phase (thus referred to as “partial” stabilization), whereas further increases lead to 
full stabilization of the cubic phase. These lower valence oxides disfavour the m-phase and 
stabilize the more symmetric structures of cubic and tetragonal by generation of oxygen 
vacancies [66]. The main objective of the stabilization is to avoid the disruptive volume 
change accompanying the martensitic, diffusionless transformation of t → m of 3 – 5% [63, 
66-69] upon cooling. When such internal volume changes occur, one would expect an 
associated increase in the residual stress, which may cause microcracking and impair the 
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mechanical properties of the coating. However, it should be noted, that under most 
operational conditions, yttria stabilization can minimize this phase transformation effect, and 
thus the impact it has on the overall residual stress state of the TBC is expected to be fairly 
low. However, after extended exposure to high temperatures, the yttria diffuses out of the 
stabilized tetragonal phase, making the small volumes concerned prone to phase 
transformation. This effect is further discussed in section 3.7.  
It is known that, the higher the dopant content, the lower the bulk thermal conductivity, 
due to the creation of additional oxygen vacancies [3, 70, 71]. However, the stabilized cubic 
phase have been experimentally proven to exhibit much reduced thermal shock [67, 72] and 
erosion resistance [22, 73, 74], thus typically for TBC applications, 7 – 8 wt.% ( ~ 4.5 mol.%) 
yttria doping is used, which still suppresses the t → m transformation taking place within 
projected operational temperatures (up to ~ 1200°C). 
 
Figure 2-1 (a) ZrO2–YO1.5 phase diagram showing the domain where in non-transformable 
tetragonal (t’) solid solutions are thermodynamically feasible (hatched area) [21] 
In addition to the yttria concentration, the deposition process also affects the resulting 
crystallographic phases for YSZ TBCs. When 7YSZ powder is plasma-sprayed, a 
metastable tetragonal phase (t’) is induced. This is due to a displacive, diffusionless shear 
transformation from the molten cubic state [75], and is a consequence of very rapid cooling, 
typically ~ 107 – 108 K s-1. This phenomenon was first studied comprehensively by Scott et al. 
[76]. The t’ phase is stable till around 1400°C [77] i.e. it will not transform to monoclinic 
directly upon cooling. Its resistance to transformation is due to its smaller tetragonality and is 
often referred to as the “non-transformable” tetragonal phase.  
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The yttria concentrations which allow the non-transformable t’ phase to form is said to 
be between 7.5 – 16 wt.% Y2O3 [4] (see Figure 2-1). T0
(t/m) and T0
(c/t) marks the temperatures 
above which it is thermodynamically forbidden (or there is very little driving force) for phase 
transformations of t  m and c  t to take place respectively. Thus the best-performing t’ 
phase would be achieved by the compositions shown by the hashed area in the binary 
phase diagram in Figure 2-1. 
As mentioned briefly before, this non-transformable tetragonal phase (t’) exhibits 
superior fracture toughness (therefore has superior thermal cyclic durability) compared to its 
cubic counterpart and this has been attributed to ferroelastic toughening [21-23]. The main 
reason why this is regarded as the most likely governing toughening mechanism is that it 
can operate at temperatures exceeding 900°C [78] and its effect is proportional to crystal 
tetragonality. Mercer et al. [22] have shown that there is evidence of ferroelastic domain 
formation and switching in dense t’ 7YSZ material, in the process regions surrounding a 
crack. When a crack advances through such materials, irreversible domain switching takes 
place (where one set of variants within a domain may change orientation) and toughening 
occurs due to the associated stress/strain hysteresis. However, there is very little evidence 
to date which confirms the presence of such domains in either EB-PVD or PS coatings of 
7YSZ (although some experimental evidence for PS 7YSZ was reported recently by 
Donohue et al. [24]), so the true reason for its superior toughness and cyclic durability 
remains to be uncovered. 
2.1.3 Differential Thermal Contraction Stress 
In general, there is a difference in the coefficients of thermal expansion (CTE) between 
the substrate and the sprayed material. The plasma-spraying process may heat up the 
substrate and coating to fairly high temperatures, as high as ~ 600°C in some cases. During 
subsequent cooling of the specimen (which may be at the end of the coating deposition 
process or indeed when the component is in service), the mismatch in the expansion 
properties will generate residual stresses. In practice, very large stresses are readily 
generated, which may be often sufficient to cause spallation, distortion or the generation of 
defects such as cracks [79].  
The thermal stress, assumed to be equal biaxial, tends to be confined predominantly to 
the TBC (taken to be transversely isotropic and to exhibit linear elastic behaviour), since the 
substrate is appreciably thicker and stiffer. In other words, the thermal misfit strain between 
substrate and coating is accommodated almost entirely within the coating. After cooling from 
T2 to T1, the (in-plane) stress created in the coating is therefore given by [80, 81]: 
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Equation 2-2 
 
where Ed is the global in-plane stiffness of the coating, sub and TBC are the thermal 
expansivities of substrate and TBC and  is the Poisson ratio of the TBC, taken in the 
present work to have a value of ~ 0.2. At high temperature, the system is assumed to be in a 
stress-free state. This implies that inelastic effects, such as creep, relax the residual stresses 
in the system. It must be noted, however, that the assumptions made above may not always 
be valid, particularly for specimens with thin substrates and/or are small in planar 
dimensions. In the former case the substrate properties would start to significantly affect the 
stress state, whilst in the latter case, edge effects may need to be considered. 
Such applied thermal loads (inducing in-plane stresses within the TBC) may lead to the 
initiation of through-thickness (segmentation) and interfacial cracks, as shown by 
experiments and analytical modelling conducted by Kokini et al. [82, 83]. It can be seen from 
Equation 2-2 that the driving force for both segmentation and interfacial cracks to propagate 
will increase either when the stiffness of the TBC, the expansivity mismatch or the 
temperature drop are increased. 
2.2 Measurement of Residual Stress 
Several methods for determination of residual stresses in PS TBCs have been 
established. Each technique has certain advantages and disadvantages. Measurements are 
often presented together with analytical or numerical prediction techniques.  
X-ray diffraction residual stress analysis (XRSA) has traditionally relied on the reflection 
based sin2technique, and is the most widespread technique [55, 58, 84-87]. In this 
method the lattice d-spacing is determined as a function of , the tilt angle, defined relative 
to the surface normal of the sample. Lattice strains are obtained from shifts in d-spacing with 
respect to an unstrained specimen. This technique is limited by the low penetration depth of 
the X-rays in zirconia, typically no more than ~ 50 μm depending on porosity level. This is 
particularly problematic for PS TBCs, whose as-sprayed surface roughness may be up to 
Ra ~ 10 μm, and therefore measurements must be made after careful surface polishing. 
Inevitably, stresses measured in this region are subject to relaxation associated with the free 
surface, and stresses imposed as a result of polishing may also need to be taken into 
account. Analogous neutron diffraction methods [16] have also been used to determine 
residual stress, with the advantage of having a significantly larger penetration depth (up to a 
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few cm), the ability to identify stress levels in individual phase compositions and the 
applicability to specimens of various sizes and shapes [58]. However it is an expensive and 
complex method, also limited by its spatial resolution, which is typically ~ 1 mm. 
Micro-Raman spectroscopy may also be used to study the structural and stress changes 
in the coatings by measurement of Raman scattering that depends on electron–phonon 
interactions, which are very sensitive to local environments (micrometre range). Therefore it 
is possible to map out a stress distribution, although the measured area is limited to near the 
surface [88]. Due to its sensitivity it is a suitable technique to identify and study small 
changes in the stress states of the coatings. The Raman shift also has a strong dependence 
on the local TBC structure, which may be affected by the irregularity of pore 
shape/distribution and local crystalline structure. Therefore careful consideration is 
necessary when calibrating the measurement for the unstrained stress state. The use of 
Raman spectroscopy has proven fruitful in several studies [88-90] with some convincing 
results.  
The most promising method for evaluating the average (weighted over the entire coating 
volume) residual stress involves measuring the curvature of the substrate/deposit couple. 
The curvature method allows determination of stresses in thick layers of graded or 
inhomogeneous composition, and is non-destructive. However, unlike for example the 
neutron diffraction technique, the curvature method can be used on only simple specimen 
geometries [58]. Due to its simplicity, this technique is suited to in-situ measurement of 
residual stress development during spraying [91]. There is, however, the issue that the 
measurement of a single value does not lead to a unique solution for the residual stress 
state, although in some cases analyses may be applied under simplifying assumptions [79]. 
It is therefore most informative when used in combination with a numerical model, allowing 
the prediction of stress distributions.  
Several researchers have used numerical models to predict stresses generated by the 
spraying process [77, 90, 92-94]. Good understanding of the mechanisms of stress 
generation is essential. In addition, accurate information on the thermal history and the 
(temperature-dependent) thermal and elastic properties of the coating and substrate is 
required. Tsui and Clyne [84, 93, 95-97] have outlined an elastic analytical model for the 
prediction of residual stress. The model analyses coating deposition and stress development 
as a progressive process, with the coating being treated as a multi-layered composite 
applied in steps, where stress equilibration is achieved between each step. The final 
modelling step calculates the stresses resulting from the coating-substrate thermal 
expansivity mismatch. This CTE mismatch stress is added to the previously calculated 
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deposition stress. The comparison between measured and modelled curvature (and 
temperature) histories provided a comprehensive method for investigating stress generation 
mechanisms [54, 61]. It was later shown that final stress predictions of this model was in 
fairly good agreement with a more complex numerical model developed by Gill and Clyne 
[79, 91], which allowed curvature history to be predicted from thermo-mechanical material 
properties (including the quenching stress). The Tsui-Clyne model was also recently 
implemented by Totemeier and Wright [97], showing good agreement with in-depth 
measurements by x-ray diffraction. 
2.3 Stress Relief by Cracking in TBCs  
The formation of a crack in a stressed coating results in the redistribution of various 
stress components and local relaxation of the stress driving the crack [49, 98]. A variety of 
different cracking phenomena may occur, such as cracking of the coating itself [99, 100], 
delamination failure driven by tensile or compressive loads [82, 85, 101-103] or the cracking 
of the substrate. The consequence of crack formation is very much dependent on the 
material properties and geometry of the coating system. In the case of TBCs, both 
through-thickness cracks and interfacial cracks are observed to form, which may eventually 
lead to coating spallation. However, the mechanism of the evolution of through-thickness 
cracks is still virtually unknown. Whilst small areas of spalls may be tolerated, degradation 
becomes a concern after an appreciable area fraction of coating has been removed, 
exposing the bare metal to dangerously hot gases. 
2.3.1 Through-Thickness Cracking 
An in-plane tensile stress in a brittle coating, which is bonded to a relatively tough 
substrate, can be relieved by the formation of through-thickness (or sometimes referred to as 
“segmentation”) cracks [46, 50, 82, 98, 104]. These cracks may be initiated from surface 
flaws, edge flaws or from flaws at the interface. Once initiated, such cracks may then 
propagate normal to the interface and/or may channel across the coating in the in-plane 
directions (see section 3.6 for further details on the initiation of segmentation cracks). Crack 
propagation leads to the strain energy in the coating (which is governed by the coating 
thickness) being relaxed at the cost of the energy required to create new fracture surfaces. 
For an ideally brittle material, the energy required to create new surfaces is its fracture 
toughness. At the simplest level of approximation, the fracture toughness may be equated to 
twice the surface energy, 2, because two new surfaces are formed by a crack. It is often the 
case, however, that dissipative processes occur as the crack advances, thus the fracture 
toughness is > 2. Segmentation cracks are driven by in-plane tensile stresses, thus these 
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cracks propagate almost exclusively in mode I (see section 2.4.1 for the definition of mode 
mixity).  
Typically, the fracture toughness of fully dense 7YSZ is reported to be in the range 
40 < Gc < 150 J m
-2, all of which were measured by indentation techniques [22, 105-107]. 
Many repeats are required in order to ascertain an average crack length, and moreover, the 
crack path is often complex and its mixity is uncertain. Thurn et al. [108] have reported 
values for mode I through-thickness cracking of PS 7YSZ, using a miniaturized three point 
bending test. They reported values of ~ 150 J m-2, with a general tendency for it to increase 
to 300 J m-2 with annealing at 1400°C. In general, measured values for the mode I fracture 
toughness of through-thickness cracking of PS 7YSZ is currently lacking in literature.  
If the coating/substrate interface has a relatively low toughness, the formation of 
segmentation cracks may lead to coating delamination [50, 100, 101, 109]. On the other 
hand, if the interface is sufficiently tough, this may allow the stress (which drove the crack) to 
partially relax, without causing the coating to break down [43, 49, 110]. This may result in the 
creation of an array of through-thickness cracks in the coating, which are individually still 
attached to the substrate [111].  
Segmentation cracks will also effectively increase the coating compliance (as first 
shown comprehensively by Berry et al. [112]), and hence may significantly improve coating 
durability. The in-plane residual stresses must go to zero at the crack faces, and thus the 
strain energy available for driving interfacial cracks are much reduced in the coating regions 
near the cracks, which may have a positive effect on its lifetime. This has certainly been 
observed to be case for DVC (dense vertically cracked) TBCs whereby segmentation 
cracking is deliberately introduced [45, 50, 103, 113-115]. Solution Precursor 
Plasma-Sprayed (SPPS) TBCs also possess vertical cracks, which contribute to their 
superior thermal cyclic durability [43]. Although in terms of their functionality, improved strain 
tolerance of DVCs and SPPS coatings are offset by their higher thermal conductivity 
associated with higher coating density. It is also important to bear in mind that the crack 
density must be carefully optimized so as to avoid compromising the mechanical integrity, as 
too many cracks will cause the coating to be friable. It is also worth mentioning that wide 
vertical cracks are also likely to make them susceptible to attack by ingression of molten 
environmental deposits. 
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2.3.2 Through-Thickness Crack Spacing 
The characteristics of a crack network formed are dependent on the stress distribution, 
which is related to its generation mechanism. One of the first analytical models for multiple 
surface cracking of coatings postulates that the local stress is partially relaxed in the region 
of a distance, r, from the crack, and the stress varies as 1/r [116, 117]. Although an 
analytical expression for r is difficult to obtain rigorously, it is thought to be approximately of 
the order of magnitude of the coating thickness [49]. In most analyses, the stress distribution 
is fixed arbitrarily, with the constraint that the normal stress is zero at the crack and will 
gradually increase to the far field value [118, 119]. 
Stress relaxation (that happens as a consequence of a through-thickness crack forming) 
may prevent subsequent cracks from developing, unless they are sufficiently far away so 
that the strain energy may be built up to a critical level. A concept of minimum crack spacing 
thus arises, which is related to the coating thickness, residual strain, coating modulus and 
the fracture toughness of the coating. Thouless [120] obtained an expression for the 
thermodynamic minimum crack spacing by equating the strain energy changes between a 
cracked and uncracked coating to the energy associated with the array of cracks. The 
analysis was conducted assuming identical elastic properties of the coating and substrate, 
under uniaxial elastic mismatch stress, with the presence of a suitable density of initial flaws 
and that an array of parallel cracks (all assumed to have reached the interface) propagates 
across the coating simultaneously (rather than cracks propagating sequentially). The strain 
energy (per unit area of interface between coating and substrate) associated with the array 
of cracks, Uc, was given by the expression: 
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where Gc is the mode I (see section 2.4.1 for definition of mode mixity) coating fracture 
toughness, h is the coating thickness and s is the crack spacing. The following expression 
for the minimum crack spacing was determined (which implies that an array of cracks more 
closely spaced than this limiting value will not propagate): 
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where  is the uniaxial tensile strain component that is orthogonal to the array of cracks and 
E is the coating Young’s modulus in plane stress conditions.  
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Thouless et al. [121] later presented an analysis on the sequential development of a 
crack array, where the energy associated with uniform arrays of increasing density was 
considered. It was recognised that the previously obtained minimum crack spacing (as 
shown in Equation 2-4) was in fact unobtainable in practice. In order to analyse a sequential 
development of cracks, it was assumed that the equilibrium crack density is obtained when 
the change in elastic energy between a coating with crack spacing s and one with a crack 
spacing s-s is insufficient to provide the energy required for the additional cracks. This 
concept yields the following expression for the equilibrium crack spacing: 
 
c
equib 2
5.6
G
s h
E h
  Equation 2-5 
 
An important difference to note between the two expressions is the predicted 
relationship between the coating thickness and crack spacing (assuming all else equal). Use 
of Equation 2-4 suggests that crack spacing decreases as coating thickness increases. 
Conversely, Equation 2-5 predicts the minimum crack spacing to be proportional to the 
square root of the coating thickness. The latter expression is in fact in agreement with 
experiments conducted by Thouless et al. [121]. However, experimental evidence in this 
area is certainly lacking. Papers by Beuth [99] and Hutchinson and Suo [122] have also 
explored the mechanics of a cracked coating, incorporating the effects of an elastic 
mismatch between the coating and substrate. However, the concepts of crack density (and 
minimum spacing) were not examined in detail. 
Finally, it is important to note that cracks, unlike other strain energy relieving 
mechanisms such as the formation of dislocations, are not mobile. Equation 2-5 can only be 
considered as an approximation since cracks cannot adjust their spacing to maintain uniform 
arrays. The assumption of simultaneous propagation of all cracks is also unlikely to be 
accurate. For example, if a perturbation occurred such that some cracks advanced ahead of 
the array, the lagging cracks may be shielded to such an extent that the energy release rate 
associated with them drops below the value required for fracture. A less dense array would 
then result. In some cases, crack distributions are simply dictated by the stochastic nature of 
the distribution of initial flaws [123], rather than by the energetics described here. However, 
provided a suitable density of initial flaws is present (and one may assume that such flaws 
are ample on the surface of both PS and EB-PVD TBCs) then the general trend in crack 
formation may be described by energetic considerations.  
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2.4 Driving Force for TBC Delamination 
Brittle coatings subject to residual stress have a tendency to delaminate from their 
substrates. The susceptibility to delamination depends on the magnitude of the residual 
stress, the coating thickness, the interfacial fracture energy and the flaw distribution at or 
near the interface [124]. Many studies have focused on the relationship between residual 
stress distributions and the corresponding strain energy release rate [125] when the coating 
becomes debonded. A simple expression for the interfacial strain energy release rate for 
debonding of such a stressed coating (assumed elastic and equal biaxial) may be derived 
from the elastic stored strain energy in the coating [21, 54, 81, 100, 117, 122, 126, 127]: 
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Where h is the coating thickness,  is the in-plane strain in the coating and ETBC is the 
coating in-plane stiffness. This expression is based on the assumption that only the stress 
parallel to the direction of crack propagation is relaxed by the debonding, since the other 
in-plane stress is still constrained as the interfacial crack passes the region concerned.  
Debonding is energetically favourable when the interfacial strain energy release rate 
becomes greater than or equal to the critical strain energy release rate, Gic (or the interfacial 
fracture toughness) [128-133]: 
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The interfacial strain energy release rate, Gi, in Equation 2-6 may be regarded as the 
driving force for spallation of a coating. Provided that the stress in the coating is known at 
the point when debonding occurs, and there are plenty of flaws available to initiate interfacial 
cracking, Gic can be taken as equal to Gi at that point. Note that Gi is linearly proportional to 
the coating thickness and stiffness (from Equation 2-6), implying that the thicker and stiffer 
the coating, the more likely it is to debond. In other words, provided the stresses are the 
same, the thickness and strain tolerance of the coating controls the driving force for the 
creation of new fracture surfaces [80]. This concept explains experimental observations of 
why thicker top coats debond more readily than thin ones [17, 130, 134], and indeed that 
debonding is less likely when the top coat is less stiff [17, 110, 135-137] (for a given misfit 
strain). Thus, provided that the residual stress state and the interfacial toughness may be 
predicted with confidence, by ensuring that the strain energy release rates remain below that 
of the interfacial fracture energy, spallation may be avoided. This might constitute an 
attractive rationale for coating lifetime prediction.  
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It must be noted, however, that this approach does not take into account any barriers to 
initiation of the interfacial crack. It simply considers the energetics of the advance of a fully 
developed crack. In addition, it has long been recognized that the in-plane stress responsible 
for driving an interfacial crack from a specimen edge (or a segmentation crack) must be 
relaxed in the regions near the lateral free surface, and thus the initial strain energy release 
rate will be lower [54]. Several studies have focused on stress distributions in the coating 
regions near the free surface [100, 122, 126, 138] and its effect on initiation and subsequent 
propagation. Evans et al. [102] and Akisanya et al. [139] have presented finite element 
modelling (FEM) data on residually stressed films, showing how the strain energy release 
rate varies with edge crack length. An analytical model has also been reported [126] which 
predicts the strain energy release rate as a function of the crack length, with a strong 
dependence on the relative mechanical properties of the coating and substrate. 
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where a is the edge crack length, G0 is the steady state strain energy release rate expected 
for a long crack, h is the coating thickness and B is an empirical factor estimated to be an 
empirical function of the Dundurs parameter,: 
 ( 1)10B   Equation 2-9 
 
and the Dundurs parameter is given by: 
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where Ec and Es is the Young’s modulus for the coating and substrate respectively. 
From this, it is clear that the stress-relaxed depth in the coating increases as  is raised, 
reflecting the increased compliance of the substrate, and hence the reduced constraint 
imposed on the coating. This expression highlights the fact that initiation for spallation may 
be substantially reduced by edge effects. 
It may also be inaccurate to assume that all the elastic strain energy is released upon 
delamination by bending/extension/contraction of the debonded coating, although 
experimental evidence suggests that stresses after debonding are rather small [140]. 
Another question to ask is whether stresses arising from processing, such as quenching 
stress etc., contribute to the strain energy release rate. Such stresses are in fact, likely to be 
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relaxed at high temperatures so that they quickly become irrelevant. The stresses arising 
from differential thermal contraction upon cooling thus dominates. 
2.4.1 Measurement of TBC Interfacial Strain Energy Release Rate 
Although the energy-based argument introduced in the previous section is a simple and 
promising criterion for estimating the value of the interfacial fracture toughness (Gic) and 
thus assessing the likelihood of delamination, there are further complications, which must be 
discussed. One such issue is the effect of mode mixity. 
Analysis of the stress field at a crack tip, in characterising interfacial debonding of a 
thermally sprayed material, is a complex matter. Most situations do not represent conditions 
of pure mode I crack opening. Structural components in gas turbines are often subject to a 
mixture of mode II shear loading and mode I opening. Therefore crack growth is often 
mixed mode, depending on the loading geometry and elastic properties of the coating and 
the substrate. Mode mixity is usually expressed in terms of the phase angle,  (or 
sometimes referred to as mixity angle): 
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where  and  represent crack tip stress intensity factors for mode I and II. Phase angles 
of 0° and 90° represent pure opening and pure shear modes respectively. 
Studies have shown that the critical strain energy release rate (interfacial fracture 
energy) usually increases with phase angle and interfacial roughness [54, 125, 141]. This 
may be due to changes in the source of fracture energy. In pure mode I, the fracture energy 
is due to breaking of chemical bonding whilst crack shielding and plasticity dissipation at 
asperities (especially if concerning a metallic interface) becomes significant as  increases. 
The mixity would therefore depend on the associated debonding mechanism.  
Various test methods have been devised for determining the fracture toughness of TBC 
interfaces by inducing debonding with applied stress [80, 108, 109, 142-148]. Four point 
bending methods, single-edge notched specimens, double cantilever beam tests and 
indentation techniques are just a few of the range of measurement techniques employed in 
order to assess the adhesion of thermally sprayed coating systems. For all of these methods, 
the experimental proposition is to establish the equilibrium condition where the elastic 
energy provided by an external force is balanced by the propagation of a stable crack. The 
widespread simple tensile adhesion test (or a “pull-off” test) is not a suitable test for 
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determining the fracture toughness of TBCs - it is at best a semi-quantitative method useful 
for only comparative purposes. The main issue with this test is that the failure depends on 
the distribution of flaws present at the specimen edge and also any slight misalignment in 
the loading system, which results in a wide scatter of values obtained [148]. 
Values of Gic obtained for as-sprayed TBCs in the literature are in general agreement 
around 50 – 100 J m-2 (with a general tendency for it to decrease with heat treatment [108]), 
although uncertainty remains over its dependence on . The interfacial fracture toughness 
value should always be quoted with its associated phase angle, although often the mixity is 
difficult to ascertain accurately. However, it may be estimated for some simple cases. For 
example, a coating/substrate system whereby the residual stress states are relaxed by the 
substrate and deposit bending away from each other, gives rise to mode I loading at the 
crack tip. Whilst those relaxed by the two constituents changing length (for example due to 
differential thermal expansion mismatch), generates predominantly mode II loading. A 
contact shielding model, first suggested by Evans and Hutchinson [149] was recently applied 
by Arai et al. [150] and is in fairly good agreement with experimental data, although existing 
test methods are still limited in the measurable range of phase angles, limited by the fracture 
strength of TBCs. It would be useful to evaluate the interfacial fracture toughness under 
mixed mode, which is closer to service conditions. This is an area requiring further 
experimental study.  
Lastly, it is important to note that the focus of much work on spallation in the literature 
has been on interfacial embrittlement, as a result of the growth of the thermally grown oxide 
(TGO) [10, 132, 133, 151]. Several researchers have also solely focused on the strain 
energy built up in the TGO [133, 152], and hence regarding that as the driving force for 
delamination, rather than in the top coat. Such an approach cannot account for experimental 
observations that thicker top coats debond more readily than thinner ones [17, 130, 134], or 
indeed that debonding is more likely when the top coat is stiffer [17, 110, 135, 136]. 
Furthermore, since the TGO is very thin (< ~ 10 µm), prediction that it can store strain 
energies sufficient to drive interfacial cracking requires the assumption that unrealistically 
high stress levels (in the GPa range) can be sustained within them. Of course, as the TGO 
grows, this may degrade the fracture energy of the interface over time, and, in addition, the 
interface also progressively roughens, and calculations show that out-of-plane 
(perpendicular to the interface) tensile stresses build up at the asperity tips of the oxide layer. 
Reports of measurement or the prediction of the change in the interfacial fracture toughness 
due to the growth of the TGO are sparse [21, 132], and this too is an area which requires 
further experimental study. 
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2.4.2 TBC Spallation Lifing Test Methods 
Burner rig tests [52, 114, 153, 154], furnace cycle tests and laser shock tests [72, 83, 
155, 156] are some of the most common methods of assessing the lifetime of TBCs. These 
methods are very effective in simulating severe thermal gradients and thermal cycling 
conditions that TBCs may encounter in service, and therefore are useful for comparative 
purposes. It is often however, difficult to identify specific failure mechanisms. Ultimately, as 
discussed in previous sections, the coating lifetime is defined by the fracture energy of the 
coating in the planes parallel to the interface.  
2.5 Macroscopic Stiffness of PS TBCs 
Accurate determination of the macroscopic stiffness of the TBC is crucial, in order to 
predict the residual stress levels and thus the value of the strain energy release rate, which 
in turn affects their spallation lifetime and thermal fatigue behaviour under cyclic loading. The 
stress-strain behaviour of TBCs is non-linear and strain-dependent. This is due to the shape, 
orientation and distribution of pores and cracks within the TBC structure [108, 113, 114, 157-
161]. Although the intersplat and intrasplat microcracks may only represent a small 
proportion of the overall porosity, the elastic openings and partial closings of such cracks 
under small stresses contribute to its elastic anisotropy. The intersplat microcracks may 
enable a relative motion and bending of the splats, whereas the intrasplat microcracks 
reduce the stiffness of the splats themselves [114]. The irreversible behaviour can be 
explained due to microcrack propagation, mechanical interlocking, loosening or splat sliding 
[162]. However at very low strains, TBCs tend to exhibit near-elastic behaviour [161]. The 
anisotropy and hysteretic behaviour is often highlighted at higher strains. The hysteresis is 
less marked for specimens that have been heat treated [110, 114, 163, 164], mainly due to 
the removal of small scale porosity caused by sintering, which makes splat sliding more 
difficult. These are significant complicating factors, since different methods of measuring the 
stiffness generate different strains and strain distributions, which partly explain the wide 
scatter in global stiffness values for as-sprayed TBCs reported in literature.  
For example, in bend tests [109, 114, 161, 163], approximately half of the specimen 
volume is under compression and the other half under tension. This means an average 
value of the stiffness may be measured, weighted equally between its response in tension 
and compression. Wakui et al. [165] found that the stiffness of an as-deposited PS TBC, 
measured by four point bend test, decreased from 38 GPa to 12 GPa as the applied strain 
was increased from -0.75% to 0.11%. Others have also found that the greater the density of 
microcracks, the greater the difference between the Young’s modulus measured in tension 
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and in compression [148] (although this difference only becomes apparent at relatively high 
strains, > ~ 0.7%, representing the point when microcracks close up in compression). 
Ultrasonic methods [135, 166] have also been successfully employed to determine TBC 
stiffness. This method uses the relationship between ultrasonic wave propagation velocities 
in a material and its elastic constants. Both beam bending and ultrasonic methods may be 
regarded as macroscopic stiffness measurements (Ētbc in Figure 2-2), which are most widely 
used. Typical values obtained using ultrasonic or flexural methods range from 10 – 30 GPa. 
When indentation techniques [167, 168] are employed, the elastic response of the 
material is measured predominantly in compression. The indentation measurements 
represent local Young’s modulus values (denoted by E0 in Figure 2-2), which approach the 
values of the bulk material, since the region undergoing deformation should be free from 
larger flaws. This is why indentation techniques often measure higher values (~ 70 – 
100 GPa) compared to flexural/bending tests. In general, strong load dependence is also 
observed. The value of the Young’s modulus decreases with increasing indentation load. 
This is a result of the increasing deformation volume progressively including more pores or 
cracks responsible for the low values obtained with the flexural techniques. Indentation data 
are also sensitive to surface roughness. 
 
Figure 2-2 Showing the difference between local and average Young's modulus values for 
PS TBCs [88]. 
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3.0 Sintering-Induced Degradation of PS TBCs 
3.1 Sintering of PS TBCs 
It is well known that when TBCs are exposed to temperatures above around 1100°C for 
extended periods of time, sintering takes place [39, 169]. Sintering is a thermally activated 
process driven by the reduction in surface energy, and it causes morphological changes in 
the porosity, reduces small scale porosity and increases intersplat contact areas [170]. 
Although the overall porosity is changed only slightly by these processes [13], at 
temperatures above 1100°C, drastic changes are observed in the pore size, shape and 
distribution. Since both the reduction in coating stiffness and thermal conductivity in TBCs 
are primarily reliant on microstructural optimization, excellent sintering resistance is crucial in 
order to ensure long term durability and functionality. 
3.2 Sintering-Induced Changes in TBC Stiffness 
As a consequence of sintering, increased global in-plane stiffness has been widely 
reported [13, 114, 163, 168, 171-176]. This is caused by microcrack healing, intersplat 
locking (increase in intersplat contact areas) and also by the stiffening of individual splats. 
The change in microstructure due to sintering is shown by the micrographs in Figure 3-1.The 
rate of increase in stiffness is very sensitive to temperature. The experimentally observed 
rise in stiffness may be divided into two regimes - the initial rapid increase within the first 5 h, 
followed by a progressive rise. Figure 3-2 shows measured change in stiffness for TBCs with 
different impurity levels, heat treated at 1400°C. The two regimes are only distinguishable at 
temperatures typically over ~ 1200°C [163]. 
 
Figure 3-1 SEM fracture surfaces, taken from Paul et al. [177] showing splat structures in PS 
YSZ coatings (a) as-sprayed and (b) after 10 h at 1400°C. 
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Figure 3-2 Measured in-plane stiffness (by four point bending) of free-standing YSZ coatings, 
with different impurity levels, as a function of annealing time at 1400°C [177]. 
Stiffening of the top coat from sintering has deleterious effects on coating spallation 
resistance by increasing the in-plane stress and strain energy release rates (as previously 
discussed in Chapter 2.0) induced by differential thermal contraction on cooling. Although 
the mechanism of sintering-induced stiffening has been made fairly clear, modelling and 
hence predicting the stiffening behaviour has so far not been possible. There is no simple 
correlation between volumetric shrinkage and stiffness increase during sintering. This is 
shown experimentally by Ahrens et al. [114] whose dilatometry data show that the shrinkage 
due to sintering is substantially larger for coatings with higher overall porosity than for the 
segmented coatings, whereas it is difficult to distinguish any significant difference in their 
stiffening behaviour. Stiffness evolution is therefore very much dependent on the pore 
architecture and orientation rather than the overall porosity. Healing of microcracks and the 
increase in intersplat contact areas are predominantly caused by surface diffusion, which do 
not contribute to any densification. It should be noted that, while both grain boundary and 
surface diffusion will tend to affect changes in pore architecture and associated reductions in 
surface area, only grain boundary diffusion causes densification, and hence changes in the 
macroscopic dimensions of the specimen [178, 179]. 
Cipitria et al. [178, 179] presented a sintering model for prediction of changes in the 
microstructure and dimensions of both free-standing and constrained PS TBCs, which is 
based on the variational principle. It incorporates the main microstructural features of PS 
TBCs and simulates the effects of surface diffusion, grain boundary diffusion, grain growth 
and the resulting increase in intersplat area. The model is validated by comparison with 
experimental data for shrinkage, surface area reduction and porosity reduction. Predictions 
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indicate that, while surface diffusion does not directly contribute to coating densification, it 
can indirectly affect shrinkage rates. If the surface diffusivity is increased, this might 
consume the driving force for diffusion, therefore retards the rate of grain boundary diffusion. 
In addition, model predictions indicate that more rapid surface diffusion can accelerate the 
rate of increase of the intersplat contact area, while simultaneously retarding the rate of 
densification and shrinkage. This highlights the importance of monitoring both densifying and 
non-densifying mechanisms (and accurately measuring their respective diffusivities) in order 
to better understand the effect of sintering on the microstructure and its mechanical 
properties. 
It is worth mentioning that imposed tensile stresses in the coating will retard sintering 
and the associated stiffening by forcing microcracks to remain open [163]. Tsipas et al. have 
incorporated the effect of a high thermal gradient along the through-thickness direction and 
its effect on the residual stress state of TBCs [180], using a model previously developed by 
Clyne and co-workers [181]. It was shown that, by imposing a thermal gradient, the stress 
level in the coating tends towards more compressive values, particularly at the free surface, 
where it is hotter. Thus the free surface is likely to experience accelerated rates of sintering 
and stiffening. 
3.3 Sintering-Induced Changes in TBC Thermal Conductivity 
In addition to increased stiffness, increased through-thickness thermal conductivity is 
observed due to sintering, related to the growth of intersplat contact area, which therefore 
compromises the thermal insulation capacity of the TBC [2, 20, 39, 168, 182]. Heat transfer 
within the TBC takes place mainly via conduction, although the contribution from radiation 
can become significant at temperatures above about 1500 K [178, 183]. Several techniques 
for measuring conductivity of TBCs are well established. These are laser flash [184, 185], 
Hot-Disk® [186] and the steady state bi-substrate [187] techniques. In the former two 
techniques, only the thermal diffusivity is measured and the specific heat must be 
independently obtained in order to evaluate the thermal conductivity. Considerable care is 
required in determining a reliable value for the thermal diffusivity using the laser flash 
method, since factors such as laser power, detector linearity, opacity and thermal history of 
the specimen must be taken into account [188, 189]. In addition, the precise conductivity of 
air (at operational temperatures) in the intersplat pores is predicted to have a significant 
effect on the overall conductivity (as TBCs are known to have high gas permeability [11]), 
which depends on the gas pressure [190]. TBCs on components within the gas turbine 
engine, where the gas pressure is typically about 40 atm [37, 182, 183], may thus exhibit 
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appreciably higher conductivities in service than those obtained experimentally, which are 
almost invariably measured at ambient pressure and temperature.  
Finite element modelling has been employed to study the effects of shape, orientation 
and volumetric percentage of porosity on the thermal conductivity of TBCs [191]. It was 
found that cracks orientated parallel to the coating surface (i.e. inter-splat gaps) contribute 
far more in reducing the thermal conductivity, since they lie perpendicular to the direction of 
the heat flux. Cylindrical pores and vertical cracks on the other hand, are expected to 
contribute less to impeding the heat flow. Analytical and numerical models for simulation of 
heat flow in TBCs for prediction of thermal conductivity from microstructural parameters, 
have been suggested by Tsipas and Golosnoy et al. [178, 183]. The model includes heat 
flow via phonon conduction through the solid, molecular collision conduction through gas in 
pores and radiative transmission through both components. The effective thermal 
conductivity was predicted to be most sensitive to bridge contact area (and not to overall 
porosity). Figure 3-3 shows schematic representation of the two flux regimes used in this 
model. 
 
Figure 3-3 Schematic representation of the two flux regime model showing heat flow through 
solid splats connected by bridges [178, 183]. 
Further work has combined the sintering model of Cipitria et al. [178, 179], which is 
based on the same geometrical model, with the two flux regime model in order to predict 
changes in thermal conductivity with heat treatment. Resulting comparison between model 
prediction and measurements (made at room temperature) plotted against time of exposure 
at 1400°C is shown in Figure 3-4. Pore size distribution (whether mono-disperse pore size of 
125 nm or bimodal of 50 nm and 200 nm) is shown to have a significant effect on the kinetics 
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of sintering. Increases in fine scale porosity accelerate the initial growth of contact bridges. 
Overall, it is evident that experimental conductivity data show some scatter. Values are very 
sensitive to initial pore architecture and hence are dependent upon fabrication parameters. 
Whilst it is possible to identify trends, comparison of absolute values is difficult, particularly 
across different measurement techniques. 
 
Figure 3-4 Comparison between predicted and experimental change in thermal conductivity 
of PS YSZ due to heat treatment at 1400°C [178, 183]. 
3.4 Effect of Impurities on TBC Sintering 
There is growing concern over the effect of impurities on the sintering rate, notably silica 
and alumina, which are commonly present in spray powders. Studies suggest that silica may 
accelerate the rate of coating densification via a mechanism similar to liquid phase sintering 
[17, 192], which involves the creation of vitreous phases with low viscosities, which enhance 
mass transport, mainly at the grain boundaries [193]. The glassy phase is able to more 
effectively redistribute species by capillary forces, which in general is much faster than by 
solid state diffusion (surface, grain boundary or lattice) alone (see section 4.2 for further 
details). Impurities also enhance the rates of surface and grain boundary diffusion [177]. The 
postulate is consistent with observations made by Eaton et al. [194], Chen et al. [195] and 
Stemmer et al. [196], the latter having reported amorphous silica-rich phases at triple grain 
junctions (with silica addition of ~ 0.1 wt.%). Even if concentrations of such vitreous phases 
at segregation points (usually at grain boundaries or intersplat boundaries) are too low to 
locally induce viscous flow, the diffusion rates in such phases will be high and hence it is still 
expected to increase the rate of solid-state sintering [172]. Even at moderately low 
temperatures, the increase in the contents of alumina and silica, from < 0.1 to 0.26 wt.% and 
 43 
from < 0.01 to 0.69 wt.% respectively, data presented by Rejda et al. [162] show that the 
coating creep and deformation rate is significantly accelerated by changing the surface 
conditions of the microcracks involved in the compaction and sliding processes. Work by Xie 
and Paul et al. [172, 177] on free-standing PS YSZ coatings reported that reducing the 
contents of alumina and silica, from ~ 0.1 – 0.2 wt.% down to ~ 0.01 – 0.05 wt.%, 
significantly reduced sintering rates (which may be monitored by changes in thermal 
conductivity, as shown in Figure 3-5).  
 
Figure 3-5  Changes in thermal conductivity due to isothermal heating at T = 1400°C for 
varying coating impurity levels [172]. 
3.5 Sintering of PS TBCs Constrained by a Substrate 
Most sintering-related measurements have been conducted on free-standing coatings. 
Under service conditions, TBCs are attached to a rigid substrate, subject to high thermal 
gradient and rapid heating and cooling cycles. Tensile stresses in the TBC caused by the 
constraint imposed by the substrate may retard the coating sintering rate by opening up 
microcracks [163, 197, 198]. However, work by Cipitria et al. [179] has shown that the 
constraint by a substrate does not in fact alter coating sintering (and hence the stiffening) 
behaviour very much at temperatures exceeding ~ 1200°C since creep relaxation readily 
takes place. Moreover, non-densifying (surface diffusion) sintering mechanisms are 
unaffected by attachment to a substrate, and these mechanisms tend to play a dominant role 
in the overall microstructural changes (and hence the changes in mechanical properties) 
taking place. However, rapid thermal cycling may generate local stresses that cause 
microcracking of sintering necks, which may retard the progression of the sintering related 
microstructural changes [114]. 
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3.6 Effect of Thermal Cycling on Sintering 
Thermal cycling may cause an initial flaw to grow to a critical size from fatigue cracking. 
Zhu et al. [156] have quantified a crack propagation rate for a particular regime of thermal 
cycling (10 – 20 mins) with a thermal gradient (using a laser thermal fatigue test, with 
maximum surface temperature achieved being around 1300°C). The initial (interfacial) crack 
propagation rate was estimated to be 5 – 8 microns/cycle. However, for longer testing times, 
it is unclear whether the observed interfacial degradation is due to propagation of sub-critical 
interfacial cracks or due to the growth of a TGO. Sintering of the top coat also cannot be 
discounted for longer heat treatment times. Overall, it is unlikely that thermal cycling alone 
(at least at moderate temperatures) can cause substantial degradation of the interfacial 
fracture properties. 
Kokini et al. [82, 199] have suggested a mechanism by which segmentation cracks may 
be initiated in TBCs under service conditions. The initiation is related to the stress relaxation, 
which occurs at the top surface of coatings at high temperatures, followed by subsequent 
cooling in a thermal gradient. The study examines an analytical model of a TBC on a metallic 
substrate (which is internally cooled so that a large thermal gradient is created) and then the 
TBC surface is subsequently cooled (simulating engine shut down). Initially, when the TBC 
surface is heated, the TBC is under residual compression due to the thermal gradient. This 
stress then relaxes at the surface, by creep processes, as steady-state conditions are 
attained. Upon cooling, modelling results showed that the coating surface rapidly goes into 
tension. These results are later confirmed by experimental studies, which use a high power 
laser in order to subject the specimen to a high heat flux [45, 199, 200], and upon cooling, 
some initiation and propagation of segmentation cracks were observed. Further propagation 
of cracks is likely to be driven by subsequent thermal cycling and top coat sintering. 
Sintering will take place the fastest at the coating surface in the presence of a thermal 
gradient [180] because it is the hottest part. 
3.7 Phase Destabilization of Yttria-Stabilized Zirconia (YSZ) 
The phase stability of the YSZ after prolonged heat treatment is an important issue. One 
limitation arises from the partitioning of supersaturated metastable tetragonal (t’) phase into 
the equilibrium phases (by diffusion of Y atoms into low-yttria tetragonal and high-yttria cubic 
phases), and the potential for undesirable transformation of the depleted tetragonal phase 
into the monoclinic phase upon cooling [201]. The associated volume expansion, due to this 
martensitic transformation, of around 3 – 5 %, may result in extensive microcracking and 
coating degradation [72]. Ilvasky et al. [68] showed that after 1000 h at 1200°C, the 
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monoclinic phase content of a PS 7YSZ coating increased to 10 wt.% and after 400 h at 
1400°C, the monoclinic phase content was measured to be around 35 wt.%. Such 
destabilization behaviour is also dependent upon the cooling rate [202, 203]. Moon et al. 
[202] have shown that faster cooling rates reduce the likelihood of the monoclinic 
transformation. In the presence of a thermal gradient, destabilization is more likely to occur 
near the free surface since it is hotter [180]. 
It is also known that thermochemical reactions with CMAS and other impurities can 
dramatically increase the rate of YSZ destabilization [21, 204-208]. Effects due to 
CMAS-accelerated sintering are often far more serious compared to the effects of solid state 
sintering alone, and therefore, should large volumes of the coating undergo transformation 
into the monoclinic phase (from high levels of CMAS contamination), it is possible that the 
coating durability may be significantly reduced (for further details see Chapter 4.0). 
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4.0 Adhesion and Degradation by Calcia-Magnesia-Alumina-
Silica (CMAS) Deposits 
During operation, the surface of the TBC may become contaminated with environmental 
deposits that are ingested into the gas turbine engine. Contaminant particulates, such as 
sand, volcanic ash or fly ash, commonly comprise calcia-magnesia-alumina-silica 
compounds, which are termed collectively as “CMAS”. In the first part of this chapter, the 
adhesion characteristics of particulates onto turbine internal surfaces are discussed. In the 
following section, the degradation effects caused by the ingression of molten CMAS into 
TBCs are discussed. The ingression of CMAS accelerates sintering, and has been observed 
to adversely affect the thermomechanical stability of the TBC (in both PS and PVD coatings) 
[208-212]. CMAS infiltration is also known to degrade the insulating properties of the TBC 
[213, 214]. These effects are likely to be of greater concern as engine operating 
temperatures are pushed higher. Finally, some research into novel TBC compositions that 
mitigate CMAS attack is reviewed. 
4.1 Deposition Behaviour of Ingested Particulates Inside a Gas Turbine 
Engine 
Ingested particulates, such as sand, fly ash and volcanic ash, often referred to 
generically as calcia-magnesia-alumina-silica (CMAS), can cause significant problems in 
both types of turbine (for power generation and for propulsion). Such particles may melt, or 
at least soften, in flight, making it more likely that they will adhere to surfaces within the 
turbine on impact. Increased turbine entry temperatures clearly raise the danger of this 
happening. There is thus considerable interest in identifying and quantifying the factors 
affecting the likelihood of particles adhering to surfaces within the turbine (rather than simply 
passing through the engine) since it is clear that such adhesion can rapidly lead to severe 
component degradation. In the combustion chamber, where the flame temperature may be 
as high as 1650°C, silica-based slag deposits have been observed to plug combustor liner 
cooling holes, thus creating hot spots that can lead to premature failure [215]. Deposits can 
also form on blade surfaces and along nozzle guide vanes, causing local overheating [216]. 
Deposition can also accelerate the corrosion of turbine components as they may come in 
direct molten contact with corrosive elements [217]. The melting (or softening) point of 
CMAS varies with its composition, and so if the particulate temperature, at the point of 
impact is below the softening point, erosion may be the prevailing damage mechanism. Both 
deposition and erosion are also known to increase component surface roughness, which 
may cause increases in heat transfer (up to 50%) and skin friction (up to 300%) [218]. 
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Effects of CMAS-related degradation of TBCs are discussed in later sections 4.2 and 4.3 in 
some detail. 
Three main factors affect the likelihood of particulate deposition. These are the gas 
temperature, particle temperature and the turbine surface temperature, at the point of impact. 
The gas temperature determines the particle temperature, which in turn determines the 
physical state of the particles; solid, liquid or partially molten - and in the latter case the melt 
fraction becomes significant. The state of the particle influences whether they rebound from 
the surface (causing erosive damage) or instead are likely to deposit.  
Several mechanisms for the particle delivery to turbine surfaces have been identified. 
These include inertial impaction, turbulent diffusion/eddy impaction, Brownian diffusion and 
thermophoresis [217, 219-223]. Inertial impaction applies to larger particles, which have 
sufficient mass to deviate from the turning gas streamlines and subsequently impact onto 
engine surfaces. Turbulent diffusion and eddy impaction are where smaller particles (but still 
with sufficient mass to be delivered by inertial effects) are entrained in the turbulent eddies 
within surface boundary layers and impact the surface. For much smaller particles, 
transportation is possible by impacts with thermally agitated gas molecules in the surface 
boundary layers, and the random impacts produce Brownian diffusion delivery to the 
surfaces. Thermophoresis takes place when the surface is cooled and the energy of the 
random impacts from thermally agitated molecules in the thermal boundary away from the 
surface is higher. This produces a net average impact force from gas molecules in the 
direction towards the surface. 
It is widely accepted that the trajectory of a particle carried through the gas turbine is 
primarily dependent on the particle Stokes number, Stkp. This is derived from taking the ratio 
of the particle time scale to the flow time scale. The particle time scale is a measure of 
particle inertia and denotes the time scale with which any slip velocity between the particle 
and the fluid is equilibrated: 
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where Up is the particle velocity, Dp is the particle diameter, p is the particle density, Lc is 
the characteristic length of the flow (e.g. duct diameter) and f is the gas dynamic viscosity. 
A large Stokes number indicates that the particle’s inertial response to the surrounding flow 
is slow, whereas if the Stokes number is much less than unity, it is expected that the particle 
will closely follow the streamlines of the carrier gas. For example, the Stokes number, as 
obtained using Equation 4-1, and taking the free stream velocity inside a typical gas turbine 
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to be approaching sonic speeds ~ 300 m s-1, particle density (e.g. of silica sand) to be 
~ 2650 kg m-3, gas viscosity to be 4.4 × 10-5 kg s-1 m-1 and obstacle dimension to be 10 mm, 
has a value of about 1,000 (representing a strong tendency to deviate from the gas 
streamlines) for a particle diameter of 100 µm, but a value of about 0.1 (representing a 
strong tendency to follow streamlines) for a particle diameter of 1 µm. 
Hamed et al. [219] presented a particle delivery model, in order to assess the relative 
rates of delivery for each of the dominant turbine deposition mechanisms. The model 
showed that Brownian diffusion was the dominant deposition mechanism for particles less 
than ~ 0.1 m, and deposition was gradually enhanced by turbulent diffusion and eddy 
impaction as particle size increased. With further particle size increase (> ~ 10 m), inertial 
impaction was found to dominate. The study also showed that deposition efficiency generally 
decreased as particle size decreased. 
Other studies have concentrated on the effect of component surface temperature on 
deposition efficiency. Walsh et al. [223] studied the deposition behaviour of bituminous coal 
ash on a heat exchanger tube. The surface temperature of the metal coupon was found to 
be highly significant. Initially they found that only molten particles would stick to the clean 
surfaces, solidifying soon after impact. However, as the metal temperature increased beyond 
1000°C, it was found that the particles melted on impact or melted shortly after impact. The 
combination of increased metal temperature from the deposits already adhered to the 
surface, and the increased roughness of the surface caused subsequent particles to have a 
higher probability of adhesion. 
A few studies have examined particle deposition characteristics using an accelerated 
deposition test facility (aimed to simulate conditions inside a gas turbine). Jensen et al. [224] 
used a Turbine Accelerated Deposition Facility (TADF), which was designed in order to 
simulate deposition, in an accelerated manner. They simulated 10,000 h of turbine operation 
in just 4 h by increasing the particulate concentration. Deposition was simulated by injecting 
particulate into a natural gas combustor. The methodology was validated by inspecting the 
coupons subjected to accelerated deposition, by microscopy and x-ray analyses, which 
showed similarities with actual deposits found on off-service turbine components. Bons et al. 
[217] studied deposition characteristics of fly ash (see section 4.3 for details), using a similar 
test facility matching the gas temperature and velocity of modern first-stage high pressure 
turbine vanes. Ash particles were accelerated to a combustor exit flow of around 180 m s-1 
before impinging on coupons coated in TBCs, with surface temperature of around 1150°C. 
The effect of gas stream temperature was also studied by placing coupons at different 
streamwise locations after the combustor exit. It was noted that the upstream specimens 
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operating at gas temperatures ~ 1100°C experienced one to two orders of magnitude higher 
deposition rates compared to the downstream specimens operating at gas temperatures 
~ 980°C. Chemical variations in fly ash samples caused deposit thickness and structure to 
vary widely. In all cases, corrosive elements (e.g., Na, K, V, Cl, S) were found to penetrate 
the TBC layer during the accelerated deposition test. There may be scope for reducing the 
degradation caused by deposition of fly ash by controlling fuel purity.  
Crosby et al. [225] used the TADF to study independent effects of particle size, gas 
temperature and surface temperature on the deposition of coal ash. The deposition rate 
increased by more than a factor of two as the mean particle diameter was increased from 
3 m to 16 m (all other factors being equal). Particle deposition rate was found to decrease 
with decreasing gas temperature, and the threshold gas temperature (below which no 
deposition was observed) was found to be around 960°C. This temperature, however, is 
likely to depend heavily on the physical and chemical properties of the ash. Deposit surface 
roughness was found to increase with increasing surface temperature, which is consistent 
with the trend that rougher and hotter surfaces are more efficient at capturing impinging 
particulates. This work also points towards the importance of blade cooling in order to 
minimize damage to the TBC from CMAS adhesion. 
Ai et al. [226] conducted a study using the TADF to investigate deposition behaviour 
near film cooling holes on a high pressure turbine vane. Film-cooled coupons were placed in 
the path of a particle-laden exhaust flow and the surface temperature and coverage were 
monitored over time. Results showed that increased deposit height resulted from increased 
surface temperature, which in turn increased the deposition rate (in a non-linear manner). 
They also concluded that increased film cooling blowing ratio resulted in a decrease in 
surface temperature, which reduced deposition, particularly in the coolant wakes. Ai et al. 
[216] also compared these experimental findings with 3D numerical simulations. The 
deposition model predicted that initially, smaller particles have a greater tendency to stick. 
However, after the initial deposition had taken place, the rise in surface temperature allows 
larger particles to also deposit. Adhesion of larger particles will then tend to dominate and 
thus contribute most to the delivery rate. Predictions of capture efficiencies, concerning 
different coolant blowing ratios, were also found to be in good agreement with the 
experiment.  
Rozati et al. [227] investigated the effect of particle size and coolant blowing ratios on 
the deposition and erosion behaviour of combustion fly ash, using a large eddy simulation 
model. The model predicted that smaller particles (~ 1 m), with particle Stokes number of 
0.03, tended to follow the streamlines around the turbine leading edge, and therefore not 
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reach the blade surface. Larger particles (~ 10 m), with a substantially larger particle 
Stokes number of 3, were predicted to impinge on the blade surface, with blowing ratio 
having minimal effect. Intermediate particle sizes were found to show some receptivity to the 
level of surface coolant flow, and overall there was a trend of decreasing percentage of 
particles being deposited with increased coolant blowing ratio. Erosion, on the other hand, 
was found to be highest around the cooling holes and was mostly attributed to particles with 
average diameters of 5 m – 7 m. This was because a threshold ash softening 
temperature was assumed to determine the state of particles on impact (which decides 
whether particles erode or deposit), and such intermediate particle sizes were found to have 
enough inertia to impact, whilst not being hot enough to deposit. 
4.2 TBC Degradation by Molten CMAS Ingression and Liquid Phase 
Sintering 
It is known that, following CMAS adhesion, the ingression of molten CMAS can damage 
the chemical and mechanical stability of TBCs, and these effects have been extensively 
studied in recent years [131, 208-212, 228-234]. Degradation arises when molten 
compounds (with low melting points, typically no more than ~ 1220°C [209, 228, 235-237]) 
adhere to the coating surface, and subsequently penetrate into the coating during extended 
exposure to high temperatures. 
At sufficiently high temperature and concentration levels, CMAS liquid firstly creates a 
CMAS-rich outer layer. It then infiltrates pores and cracks by viscous flow (driven by 
capillarity) and may also diffuse along grain boundaries. CMAS oxides do not, in general, 
readily dissolve in the zirconia lattice, but tend to form vitreous phases which wet the 
crystalline grains at the boundaries [193], where they accelerate (diffusional) sintering, and 
also encourage intersplat sliding and creep deformation [162, 238, 239]. Such flow of CMAS 
glass is only possible at high temperatures, when its viscosity is low (although this will also 
be composition dependent). Glassy flow is driven toward the sintering necks [239], which 
may lead to shrinkage (by a mechanism similar to liquid phase sintering). 
There are essentially four different stages in the general densification process of 
liquid-assisted sintering, as outlined in Figure 4-1 [240]. Firstly the reactive liquid forms in 
Stage 0. Stage I involves the rearrangement of the liquid and solid driven by capillary forces. 
This process results in a substantial loss in porosity. If sufficient levels of liquid are present, 
full densification is possible (Stage III). On the other hand, at intermediate liquid 
concentration levels, solution-reprecipitation takes place (Stage II), where mass transport 
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through the liquid primarily drives densification. The solid dissolves at the contact points and 
diffuses out through the liquid film, mainly via the grain boundaries. This causes the particle 
centres to move closer together, leading to densification. The final stage of liquid phase 
sintering may be subsequently followed by processes such as grain growth and phase 
transformation etc. A key factor which affects the rate of liquid phase sintering is the 
solubility of the solid in the liquid. In order to achieve a highly dense material, high solid 
solubility in the liquid and low liquid solubility in the solid is ideal [240, 241]. It is clear from 
studying the effects of liquid phase sintering that CMAS-assisted sintering of TBCs, at 
temperatures above its softening point, will cause detrimental loss in its compliance, which 
makes it prone to failure by spallation. 
 
Figure 4-1 Schematic diagram of the stages of liquid phase sintering, 0: melting; 
I: rearrangement; II: solution- reprecipitation; III: pore closure (full densification) [240] 
The thermochemical aspects of CMAS degradation in TBCs was first investigated in 
depth by Krämer et al. [208]. His model CMAS composition was 33.2 CaO–6.5 MgO–
11.9 Al2O3–48.5 SiO2 (wt.%). The study shows that, as soon as CMAS melting takes place, 
rapid dissolution and reprecipitation of the 7YSZ occurs. The CMAS melt dissolves the 
metastable tetragonal (t’) phase, causing the CMAS glass adjacent to the zirconia grains to 
become locally enriched in Zr4+ and Y3+. Similar observations were made by Aygun et al. 
[207] on APS YSZ coatings. Bacos et al. [242] used a CAS melt, with composition 
23.5 CaO–15 Al2O3–61.5 SiO2 (wt.%), on 7YSZ EB-PVD coatings. As well as the usual 
dissolution and reprecipitation effects, 4 h of heat treatment at 1200°C resulted in the 
formation of new crystalline phases, which were identified as Ca2ZrSi4O12 and CaAl2Si2O8 
(anorthite). It was observed by Drexler et al. [243] that it only takes a small amount of Zr4+ to 
saturate the CMAS glass, whereas the solubility of the Y3+ is much higher. If, for example, 
the concentration of Y3+ were high enough, the accumulation of it in the glassy melt would 
cause crystalline phases to be formed, resulting in the arrest of any further CMAS infiltration 
[234]. However, the stabilizer concentration in 7YSZ is not enough to induce crystallization. 
Instead, as a result of Y3+ being leached out from the metastable tetragonal phase, at high 
 52 
temperature, the equilibrium tetragonal phase forms, and upon cooling zirconia grains are 
precipitated out in the stable monoclinic phase, with a characteristic spherodized grain 
structure [208, 232, 243]. Figure 4-2 shows cross-sectional SEM images taken by Drexler et 
al. [244], demonstrating that complete infiltration of CMAS glass across the entire thickness 
of the coating (~ 200 m) takes place after 24 h at 1200°C. In most of these studies, the 
residual CMAS was largely amorphous upon cooling. The cooling may also induce large 
differential thermal expansion misfit strains between the solid CMAS/heavily CMAS-
infiltrated YSZ layer (~ 8 × 10-6 K-1 [211]) and the relatively undamaged underlying YSZ layer 
(~ 11 × 10-6 K-1 [10]). This may lead to large residual stresses being induced, which may be 
sufficient to drive cohesive spallation failure [208, 209, 228, 232, 234]. In general, the 
mechanisms involved in CMAS penetration (both thermochemical and thermomechanical 
processes) into the 7YSZ TBCs are complex, and so simple models relating to 
porous-medium viscous flow and wetting cannot be used to describe or predict such effects. 
 
Figure 4-2 (A) Shows cross-sectional SEM micrograph of APS 7YSZ TBC with CMAS on top 
that has been heat-treated at 1200°C for 24 h, showing the complete penetration of the TBC 
(penetration depth of ~ 200 microns). The dashed red line indicates the original top surface 
of the TBC. Images (B), (C), and (D) are corresponding Zr, Ca and Si EDX elemental maps 
[244]. 
Several researchers [206, 210, 228, 237], have inspected removed aerofoil and 
stationary components where extensive CMAS penetration into the TBC was observed 
(particularly in the hottest parts) and delamination had taken place as a result of accelerated 
sintering and increased thermal stresses experienced during turbine operation. Observations 
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of field specimens are roughly consistent with simulated exposures in the laboratory, 
although it is hard to draw mechanistic conclusions due to many unknown variables, such as 
thermal history and CMAS exposure levels. In addition to delamination failure, Vidal-Setif et 
al. [206] also reported the formation of vertical cracks (enlarged inter-columnar gaps), 
presumably formed due to sintering of the TBC columns which resulted in mud-cracking 
upon cooling. They also reported the formation of new crystalline phases, which were 
identified as Ca2Zr5Ti2O16 (calzirtite) or Ca2Zr2Ti4O14 (zirconolite). Whether these reaction 
products play a significant role in affecting the penetration behaviour of CMAS remains 
unclear. 
4.3 TBC Degradation by Volcanic Ash and Fly Ash 
Aviation engines may encounter, not only low levels of particulate debris in the 
atmosphere, but volcanic ash that may linger at aircraft cruise altitude (30,000 – 50,000 ft). 
Volcanic ash typically consists of sharp mineral particulates of varying particle sizes 
(measuring anything from ~ 100 m down to a few nanometres), with compositions broadly 
consisting of SiO2, Al2O3, CaO, Fe2O3, MgO, with traces of Na2O, K2O, P2O5, TiO2 and MnO, 
largely depending on the nature of the surrounding geology [245-247]. Whilst improved 
monitoring and tracking of volcanic ash clouds and guidelines for no-fly zones (when ash 
concentration is above 4 mg m-3 [248]) are leading to improved avoidance strategies, it is 
recognized that low level exposure to volcanic ash in the atmosphere is probably inevitable. 
Just like CMAS, molten volcanic ash could form glassy deposits on combustor walls, turbine 
inlets and on the TBC surface. Deposits may block cooling passages and induce spallation 
of TBCs through creation of a densified layer. Ash may also contaminate the engine fuel. 
Fan, compressor blades, wing leading edge and tail rudder will suffer from severe erosion. 
Exterior pitot tubes may also become blocked, with catastrophic implications for navigation 
control [246]. Furthermore, plumes produced from explosive eruptions travel at high speeds, 
reaching cruise altitude within minutes. 
The explosive eruption of the Eyjafjallajokull volcano in Southern Iceland in April 2010 
caused serious disruption to European air traffic for weeks. A typical elemental composition 
(bulk) of an explosive volcanic ash is shown in Table 4-1. This is of course, only a very 
approximate composition. However, it is immediately obvious that natural volcanic ash 
exhibits much greater chemical complexity than synthetic “laboratory grade” CMAS, which is 
often used in research. It was found that the Eyjafjallajokull ash had an approximate melting 
point (Tm) of around 1160°C, although presumably this would be from taking the average of 
a range of melting points due to a number of distinct crystalline phases present. The main 
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crystalline phases were identified as plagioclase solid solution, with traces of feldspar 
KAlSi3O8 and quartz (SiO2) with pyroxene and other minor phases [247, 249, 250]. It must 
be emphasized that, in general, volcanic ashes are rapidly quenched (due to an explosive 
reaction with moisture at the vent surface) and therefore predominantly consists of a glassy 
phase, with only a minor proportion made of crystalline components. The glass transition 
(Tg) of a specimen of volcanic ash would therefore vary over a wide range, depending on 
composition. Therefore broadly speaking, a particular CMAS specimen (of which volcanic 
ash may be considered as a variant) may be characterised by (a) the crystalline phases 
present (which affects Tm), (b) the Tg of the glassy part and finally (c) the relative proportion 
of the glass to the crystalline phases. 
Composition 
(wt.%) 
Explosive Ash 
(bulk) 
O bal. 
Si 27.1 
Al 7.8 
Fe 7.6 
Mg 1.4 
Na 3.7 
Ca 3.9 
C 1.1 
K 1.5 
Ti 1.1 
P, Cl, F traces 
Table 4-1 Typical elemental (bulk) composition of an explosive volcanic ash specimen [247]. 
The large fraction of amorphous phase present in volcanic ash is one of the main 
reasons why ash contamination is thought to inflict greater damage on TBCs, at a given 
temperature, compared to “laboratory grade” CMAS. Whilst synthetic CMAS (with mainly 
crystalline phases) typically has a melting point of around 1100°C – 1200°C [208, 236], 
volcanic ash, with generally much higher Si content combined with oxide mixtures of Fe, Na, 
K and Ti etc., tends to exhibit a much lower range of Tg [229, 249, 250]. Thus volcanic ash is 
expected to soften at lower temperatures, and therefore is likely to more aggressively 
infiltrate the TBC at a given operating temperature. 
An XRD profile and a DSC plot, taken from an artificial volcanic ash specimen (AVA), 
which was modelled on approximate oxide proportions published of the Eyjafjallajokull 
volcanic ash [249], are shown in Figure 4-3 and Figure 4-4. It is clear from the XRD profile 
that the AVA consists of a large amorphous phase, with a small fraction of crystalline phases 
which have been identified. Even peaks which have been indentified are broad and weak, 
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indicating poor crystallinity, which is representative of real volcanic ashes. The DSC plot 
elucidates two thermal effects. The Tg may be identified at around 930°C, whilst a second 
endothermic peak is observed at around 1300°C. This is the melting peak, which is broad 
and the plot suggests that melting onset actually starts at temperatures just below 1200°C. 
This is not surprising, since there are a number of crystalline phases present.  
 
Figure 4-3 X-ray diffraction profile of as-processed artificial volcanic ash. Crystalline 
constituents include hematite Fe2O3, pseudobrookite Fe2TiO5, and aegirine-type 
clinopyroxene NaFeSi2O6. The inset SEM image shows a polished cross section of AVA after 
annealing at 800°C, which shows that nano-sized precipitates, presumably hematite Fe2O3, 
are embedded in a dark contrasted matrix representing the dominating amorphous part of 
AVA [249]. 
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Figure 4-4 Differential scanning calorimetry (DSC) of artificial volcanic ash in the 400 – 
1400°C temperature range (heating). There is a glass transition at approximately 930°C and 
the melting onset at around 1180°C [249]. 
Another source of CMAS-type deposits worth mentioning is syngas fly ash. Natural 
gas-fired turbine engines are one of the most efficient methods of generating electricity [230]. 
An integrated gasification combined cycle (IGCC) creates synthetic H2-rich gas fuel (syngas), 
using energy generated by coal. Syngas is then used to generate electricity. The additional 
heat generated from syngas-fired turbines is often used to run additional steam turbine 
generators, which therefore makes the overall thermal efficiency as high as 60% [230]. 
However, the downside of this process is the production of fly ash, which results during the 
combustion of coal. Fly ash is primarily made of silicates, and have been reported to adhere 
to or erode the surface of the TBCs and cause damage, just like other CMAS-type deposits 
[217, 225, 227, 251]. 
Mechnich et al. [249] studied the thermochemical interaction between artificial 
(synthesized) volcanic ash (AVA), based on the composition of the Eyjafjallajokull ash (its 
XRD profile and DSC plot are shown in Figure 4-3 and Figure 4-4) and EB-PVD 7YSZ. It 
was shown that, as soon as the ash is exposed to a temperature above its Tg, it softens and 
exhibits viscous flow. When heat treated for 1 h at 1200°C, complete wetting and penetration 
of the glassy AVA was observed. Since the AVA, like CMAS, acts as a solvent for Y2O3, the 
yttria content in the YSZ was observed to decrease, although no monoclinic phases were 
detected, probably due to the short heat treatment time. Instead, however, the formation of a 
new crystalline phase, ZrSiO4 was detected. The crystallization of ZrSiO4 is significant, since 
the reaction in the binary ZrO2-SiO2 system at 1200°C is expected to be extremely sluggish 
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[252]. It seems that in this case, the presence of the Y2O3 had increased their reactivity. The 
formation of ZrSiO4 has not been reported in similar CMAS studies, although this may be 
because the AVA environment, unlike the laboratory grade CMAS, provides a sufficient 
saturation of SiO2. The ZrSiO4 was observed to have nucleated at the interface between the 
Y2O3 enriched amorphous phase and the residual ZrO2. Interestingly, EDS analyses gave no 
evidence for the uptake of MgO and CaO by the YSZ, which are also common stabilizing 
agents. It is likely that under these conditions, the dominating driving force for diffusion is the 
concentration gradient of Y2O3, whereas MgO and CaO are presumably located in 
thermodynamically stable environments. With longer heating times, the thermomechanical 
stability of the coating would no doubt, have been compromised due to increase in in-plane 
stiffness. This study shows that the wetting and infiltration behaviour of AVA differs from the 
standard CMAS ingression behaviour reported in literature [208, 236]. It was found that the 
onset temperature for interaction is much lower in the case of AVA, and this is because AVA 
exhibits considerable softening above its glass transition, rather than a well defined melting 
point. Hence infiltration was observed to occur by gradual viscous flow. It is, however, 
important to note that ashes from different volcanic provinces would exhibit vastly different 
chemical and physical properties, and thus any study conducted on the chemical interaction 
between it and 7YSZ is case-specific. It is therefore difficult to come to a general conclusion 
on the impact of volcanic ash on TBC performance, and further experimental work is 
required. 
Gledhill et al. [230] investigated the thermochemical reactions between a sample of 
lignite fly ash and APS 7YSZ. Whilst the details of the mechanisms would inevitably depend 
on the microstructure of the TBCs, in general, the degradation caused by fly ash was found 
to be very similar to the effects caused by CMAS and volcanic ash - see schematic in Figure 
4-8. Whilst there was definitely some evidence of the dissolution of Y2O3 by the molten fly 
ash, no formation of the monoclinic phase, or any new crystalline phases, were observed. It 
was also found that the residual fly ash was largely amorphous on cooling and very little 
change in its composition was detected as it progressively infiltrated the TBC. 
In general, it is clear that the long term effects of CMAS-type contaminants on the 
thermomechanical performance of TBCs (which are in reality experiencing thermal gradients 
and ill-defined temperature histories), is yet to be determined. Understanding these effects 
are crucial to the development of next generation TBCs, which should be able to resist 
CMAS attack. Several developments in this area are notable in the last decade, and a few of 
these are explored in the following section.  
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4.4 Novel TBC Materials that Mitigate CMAS Attack 
Some approaches for mitigating CMAS attack on 7YSZ TBCs have been reported in 
literature [207, 230, 233, 243]. The most promising strategy so far suggested is to modify the 
TBC composition (and/or structure) so that it will induce crystallization of the CMAS and 
arrest its penetration. Aygun et al. [207] reported on the performance of a TBC composition 
such that up to 20 mol.% of Al2O3 and 5 mol.% of TiO2 were incorporated as a solid solution 
into 7YSZ. The deposition of this particular composition was carried out by SPPS (solution-
precursor plasma-spray). When the TBC comes into contact with CMAS glass, the Al- and 
Ti-bearing solutes become incorporated within it. The rapid accumulation of Al in the CMAS 
glass shifts the glass composition from the pseudo-wollastonite (CaSiO3), which is difficult to 
crystallize, to the anorthite (CaAl2Si2O8), which crystallizes easily. The presence of the Ti 
helps the crystallization process by promoting nucleation. This leads to the arrest of the 
infiltrating CMAS front. The mechanism is summarized in the schematic illustration shown in 
Figure 4-7. After 24 h exposure at 1121°C, the CMAS was found to penetrate into the 
YSZ+Al+Ti coating by around 70 m (into a 250 m thick coating). This can be seen from 
the cross sectional SEM micrograph of the resulting microstructure and its corresponding 
EDS mappings of Zr, Si and Ca, shown in Figure 4-5. A line scan of the compositional profile 
of Si and Al along line X-Y in Figure 4-5 is shown in Figure 4-6. The Al and Si signals are 
strong near point X, due to the high concentrations present in the CMAS glass. Whilst the 
average signal of Si remains steady with distance from point X, the Al signal increases until 
there is a spike observed at point Z. This spike in the Al content corresponds to the front 
where the CMAS infiltration is arrested. On the other hand, CMAS was found to have 
completely infiltrated conventional TBCs of 7YSZ composition under the same exposure 
conditions. 
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Figure 4-5 (a) Cross-sectional SEM micrograph of SPPS (YSZ+Al+Ti) TBC that has 
interacted with CMAS glass (for 24 h at 1121°C), and corresponding elemental maps: (b) Zr, 
(c) Si and (d) Ca. The horizontal dashed line in (a) corresponds to the top of the original TBC. 
The vertical line in (a) denotes the approximate path of the EDS line scan shown in Figure 
4-6.The “Z” denotes the leading edge where the CMAS-glass front appears to have arrested 
[207]. 
 
Figure 4-6 EDS line scan from X to Y (see Figure 4-5) showing relative counts for Al and Si 
in SPPS (YSZ+Al+Ti) TBC that has interacted with CMAS glass (for 24 h at 1121°C). The 
spike in the Al counts is denoted by Z, which corresponds to the location Z in Figure 4-5 
[207] 
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Figure 4-7 Schematic illustration (not to scale) of the proposed mechanism of CMAS-attack 
mitigation in SPPS (YSZ+Al+Ti) TBCs [207] 
More recently, Kramer et al. [253] showed that a layer of gadolinium zirconate 
(Gd2Zr2O7) is effective in arresting the infiltration of CMAS. The high temperature reaction 
between the CMAS glass and the gadolinium zirconate produces a dense crystalline layer, 
which consists of an apatite phase, Gd8Ca2(SiO4)6O2 and cubic ZrO2 with Gd and Ca in solid 
solution. The possibilities of implementing gadolinium zirconate as a TBC have since then 
been explored by several other researchers [230, 243, 254]. Gledhill et al. [230] showed that 
gadolinium zirconate is indeed resistant to attack by molten lignite fly ash, and the proposed 
mitigation mechanism is illustrated in Figure 4-8.  
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Figure 4-8 Schematic diagrams of APS TBCs cross-sections with lignite fly ash deposits, 
before and after 24 h heat treatment at 1200°C, depicting the possible interactions: (A) 7YSZ 
and (B) Gd2Zr2O7 [230]. 
Zirconates with pychlore structures, like gadolinium zirconate, are attractive because 
they offer lower intrinsic thermal conductivity. They do however, have slightly higher thermal 
expansion coefficients (and lower fracture toughness) relative to the 7YSZ of around 9 – 
10 × 10-6 K-1, which explains why by itself as a top coat, it exhibits a much lower spallation 
lifetime compared to conventional 7YSZ. In addition, gadolinium zirconate is not chemically 
compatible with the TGO. In order to tackle these issues, graded TBC structures with a 
7YSZ interlayer have been tested and shown to have a slightly longer lifetime than having a 
single layer YSZ top coat [254]. It must be noted, however, that due to the expansion 
mismatch, large segmentation cracks often form during thermal cycling, which negates the 
advantage of having a lower intrinsic thermal conductivity and CMAS resistant composition, 
since both hot gases and contaminants are likely enter such deep crevasses. Unfortunately, 
there are no obvious solutions to toughening zirconates and this challenge remains to be 
addressed. 
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5.0 Experimental Procedures 
This chapter describes the experimental methods employed in this work, divided into 
three parts. The first part describes the methodology for prediction of sintering-induced TBC 
spallation lifetime. The second part describes procedures on how the first study was 
extended to investigate the effect of different levels of CMAS deposits on the TBC spallation 
behaviour. In the final section, details are found on how the Pegasus HP gas turbine engine 
was used in order to study the effects of particle size and temperature on the deposition 
characteristics of ingested volcanic ash on internal turbine surfaces. 
5.1  Methodology for the Prediction of Sintering-Induced Spallation 
Lifetime of PS TBCs 
5.1.1 Choice of TBC Substrate 
In order to study the spallation behaviour of TBCs, with particular focus on sintering, 
specimens were prepared by depositing onto alumina substrates. The rationale for the use 
of this unconventional substrate is as follows. The use of dense polycrystalline alumina 
ensured that there was little or no degradation of neither the substrate nor the interface 
during isothermal heat treatments, even at temperatures as high as 1500°C. It should be 
noted that the misfit strain () in this system has the opposite sign to that in a more 
conventional (zirconia/superalloy) coating/substrate combination, since alumina has a lower 
thermal expansivity than zirconia. The stress induced in the coating is therefore tensile upon 
cooling (from a stress-free upper temperature), whereas it is compressive if it were on a 
superalloy substrate. However, since only the square of this strain appears in Equation 2-6, 
the driving force for interfacial debonding (the interfacial strain energy release rate) is 
unaffected by its sign. As it can be seen from the literature data [10, 255, 256] in Table 5-1, 
the misfit strain induced, for a given temperature drop, is of similar magnitude for 
zirconia/superalloy and zirconia/alumina coating/substrate systems. 
Material 
Thermal expansivity 
 (K-1) 
Misfit strain from  of 1000 K 
 (millistrain) 
Alumina ~ 7 – 8 × 10-6 
~ 3.5 
YSZ ~ 11 × 10-6 
~ - 4 
Superalloy ~ 14 – 16 × 10-6 
Table 5-1 Approximate values [10, 255, 256] for the expansivities of alumina, YSZ and a 
typical Ni-based superalloy, and corresponding misfit strains for YSZ coatings on alumina 
and superalloy substrates, arising from a temperature drop of 1000 K 
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5.1.2 Alumina Substrate Laser Treatment 
In order to ensure good adhesion of the plasma sprayed YSZ coating, the surface of the 
alumina substrate was roughened using a scanning laser beam. An SPI® 200W 
water-cooled fibre laser was used. The processing parameters are summarized in Table 5-2. 
The resultant topography of the alumina substrate is illustrated in Figure 5-1, which presents 
surface height maps (obtained using a WYKO RST Plus Optical Interferometer) before and 
after the laser treatment. Figure 5-2 shows an SEM image showing the relation between 
topographic features created on the alumina substrate surface and the laser tracks. The 
surface roughness (Ra), measured using a Veeco Dektak 6M Stylus Profiler over a length of 
5 mm, was observed to increase from ~ 1.0 m for the as-received substrates to ~ 9.5 m 
after the laser treatment. 
Power 
(W) 
Frequency 
(kHz) 
Feed rate 
(mm s-1) 
Pulse length 
(s) 
Number of 
scans 
Track spacing 
(m) 
30 75 550 1200 5 100 
Table 5-2 Laser processing parameters for surface treatment of alumina substrates 
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Figure 5-1 Illustration of the topography of alumina substrates, in the form of optical 
interferometric surface height maps (a) before and (b) after laser treatment. 
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Figure 5-2 SEM image showing the relation between topographic features created on the 
alumina substrate surface and laser tracks. 
5.1.3 Plasma-Spraying 
The YSZ coatings were produced by plasma spraying of a Metco 204NS powder, with 
the composition given in Table 5-3, using a LPPS system with an F4-VB gun, at the 
University of Cambridge. The optimized spray parameters are summarized in Table 5-4. It is 
in fact most common for PS YSZ coatings to be produced in ambient air - i.e. using APS - 
but it was found to be necessary to use LPPS in order to ensure that the interfacial adhesion 
between the alumina substrate and the YSZ coating was adequate. The alumina substrates 
were 5 mm thick, with in-plane dimensions of approximately 50 mm by 50 mm. The 
temperature of the reverse side of the substrates was monitored during spraying, using a 
thermocouple spot welded onto a metallic plate, which was cemented onto the back of the 
substrate. This temperature typically reached a maximum of about 600°C by the end of the 
preheat passes. After spraying, specimens were cut using a diamond wheel, with a slow 
feed rate, giving specimens with dimensions of ~ 13  10  5 mm. A photograph of a TBC 
specimen prepared for spallation testing is shown in Figure 5-3. 
Composition (wt.%) 
ZrO2 Y2O3 HfO2 Al2O3 SiO2 TiO2 CaO MgO Fe2O3 
bal. 7.6 1.5 <0.01 0.07 0.09 <0.01 <0.01 <0.01 
Table 5-3 Chemical composition of Metco 204NS starting powder 
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Chamber pressure (mbar of Ar) 200 
Plasma gun F4 Plasma Technik VPS 
Nozzle diameter (mm) 8 
Plasma gas flow rates (l min-1) Ar 50, H2 7 
Carrier gas flow rates (l min-1) Ar 3.5 
Arc current (A) 760 
Voltage (V) 50 
Power (kW) 38 
Preheat stand-off distance (mm) 
400 (4 passes) 
270 (2 passes) 
Spraying stand-off distance (mm) 270 
Table 5-4 Plasma spraying parameters for TBC specimens on alumina substrates 
 
Figure 5-3 TBC specimen sprayed onto alumina substrate, cut into appropriate dimensions 
for spallation testing 
5.1.4 Heat Treatment with Periodic Quenching for  Spallation 
Monitoring 
A computer-controlled furnace with a periodic quenching capability (see schematic in 
Figure 5-4) was used to investigate coating spallation. The set-up comprises a tube furnace 
(Elite Thermal Systems, model TSH16), with a recrystallized alumina tube of diameter 
50 mm. A motorized mechanism periodically pushes the sample boat in and out of the 
furnace. Each boat typically contained about 6 samples. When withdrawn, the samples were 
quenched with nitrogen gas jets. An R-type thermocouple was located inside the sample 
boat, to monitor their temperature. A typical specimen thermal history is shown in Figure 5-5, 
where it can be seen that the furnace temperature in this case was set at 1500°C and 
quenching (to approximately 100°C) took place at hourly intervals, induced by 5 minutes of 
exposure to the nitrogen jets. The system incorporates a motion sensitive webcam focussed 
on the sample boat, the output of which is recorded during quenching. Inspection of 
recorded images and videos allowed the time of spallation to be established for individual 
specimens, without the need for frequent personal inspection. In this way, it is possible to 
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efficiently obtain data relating to substantial numbers of specimens, exhibiting fairly long 
spallation lifetimes. 
 
Figure 5-4 Schematic illustration of periodic quenching and spallation monitoring set up. 
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Figure 5-5 Measured thermal history of thermocouple placed inside the sample holder of the 
periodic quenching set up. Furnace temperature was set at 1500°C with hourly 5 mins 
quenching. 
5.1.5 Preparation and Heat Treatment of Free-Standing Coatings 
Free-standing YSZ TBC specimens were obtained by spraying (using the parameters 
shown in Table 5-4) onto grit-blasted mild steel substrates. Detachment from the substrates 
was achieved by immersion in 36% HCl, which caused partial dissolution of the steel. These 
specimens were used to determine the coating expansivity and its stiffness, as a function of 
heat treatment time and temperature. Heat treatments were conducted in the periodic 
quenching furnace, as described in section 5.1.4. Two specimen arrangements were 
employed, the YSZ samples being placed on (2 mm thick) alumina plates either with or 
without a second (2 mm thick) alumina plate placed on top of them. This was done in view of 
observations that, particularly at extended exposure to very high temperatures (~ 1500°C), 
there was a tendency in the absence of the second alumina plate for the coatings to distort 
by developing some curvature. Such distortion, especially if curvature were to develop in the 
transverse direction across the width of the specimen, meant that stiffness measurements 
obtained by bending tests (described in section 5.1.7) were significantly over-estimated. 
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5.1.6 Coating and Substrate Expansivity Measurement 
Expansivity data for the YSZ coatings (and also for the dense alumina substrates) were 
obtained using a Netzsch 402C dilatometer. The set up comprises an alumina sample holder 
with an alumina push rod, which applies a constant load to the specimen (of 0.3 N). A linear 
variable displacement transducer (LVDT) measures the displacement of the push rod. 
Samples were heated and cooled between 20°C and 1200°C at 10°C min-1. A calibration run 
was conducted in order to correct for dimensional change of the alumina push rod. Tests 
were performed on free standing coatings in the in-plane direction, and specimens 
approximately 10 mm in length were used. 
5.1.7 Coating Stiffness Measurement 
In-plane Young’s modulus values of free-standing coatings were obtained via four point 
bending, using a scanning laser extensometer (Lasermike model 501-195, with a resolution 
of around 3 m) to monitor specimen deflections. Specimen dimensions were approximately 
12  40  0.4 mm. All measurements were made at room temperature. Loads were applied 
via a counter-balanced platen, using small pre-weighed masses. The four point bending 
technique was deemed most suitable in the order to determine the global stiffness values of 
fragile, detached coatings as it involves the application of a uniform bending moment over a 
larger area of the coating. It may be noted that values obtained in bending are weighted 
equally by tensile and compressive responses. In fact, these are expected [165] to be similar 
for strains up to about 0.7%, after which the compressive value is likely to be significantly 
higher as a consequence of the closure of through-thickness microcracks. The strains 
induced during stiffness measurement in this work ranged up to about 0.1%. The following 
equation, derived from elastic beam theory, was used to calculate the coating stiffness: 
 2 2(3 4 )
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Where F is load, a is the distance between the outer and inner supports, L is the distance 
between the outer supports,  is the central deflection and I (=bh3/12) is the second moment 
of area, where b is the coating width and h is the thickness. 
5.1.8 Microstructural Examination 
Coating microstructures were examined using a JEOL-5800 SEM, with a typical 
accelerating voltage of 10 – 15 kV. Samples were sputter coated with gold (using an 
Emitech 330 facility), to prevent charging. 
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5.2 Methodology for Investigating the Effect of CMAS on TBC Spallation 
Lifetime  
5.2.1 Chemical Composition of VM/VA Powder 
Vermiculite (VM) is a hydrous silicate mineral and is widely mined for commercial 
uses such as for insulation panels or fertilizers. The vermiculite (VM) powder was supplied 
by Goodfellows and the volcanic ash (VA) powder was supplied by Dr. Margaret Hartley of 
the Earth Sciences Department in Cambridge University. VA powder was extracted from the 
ground near the Laki volcanic vent in Southern Iceland. In both cases, the powder was 
ground/ball milled and then sieved to give a selected size range. The chemical compositions 
of the two powders, obtained by EDX, are shown in Table 5-5. They have broadly similar 
compositions, although the VM is richer in Mg, Si and K with virtually no Ca content, while 
the VA contains appreciably higher levels of Fe. 
Element 
Weight (%) 
Vermiculite Volcanic Ash 
O Bal. Bal. 
Na 2.5 1.0 
Mg 11.6 2.0 
Al 4.0 6.7 
Si 28.8 24.0 
K 4.8 0.1 
Ca - 6.1 
Ti 0.6 2.4 
Fe 4.0 21.3 
Table 5-5 Chemical composition (wt.%) of as-received VM and VA powders, data obtained 
by EDX. 
5.2.2 Particle Size Distribution 
Particle size distributions were obtained using a Malvern P580 Mastersizer E, which 
involves adding the powders to an aqueous medium and keeping them in suspension using 
a stirrer. Plots are shown for both powders in Figure 5-6. Average particle sizes are about 
50 m and 100 m respectively for VA and VM. Of course these size distributions are 
dependent on the sieving and grinding operations, and on mechanical characteristics of the 
powder particles, more than on their original sizes. Nevertheless, particle size distributions 
are relevant, for example, in determining whether ingested particles adhere to internal 
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turbine surfaces following impact (further details of which are discussed in section 5.3 and 
Chapter 8.0).  
 
Figure 5-6 Particle size distributions for VM and VA powders after ball milling and sieving. 
Bin sizes as indicated. 
5.2.3 Particle Morphology 
SEM images showing particle morphology of ground/milled and sieved VM and VA 
powders are shown in Figure 5-7. Both VM and VA particulates exhibit angular and irregular 
morphologies, which are a result of the mechanical grinding operations. 
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Figure 5-7 SEM showing particle morphologies of (a) VM and (b) VA powders after grinding/ 
ball milling and sieving. 
5.2.4 Differential Scanning Calorimetry 
Glass transition and melting temperatures were obtained using a Netszch 404 DSC, 
with a ramp rate of 10°C min-1, up to 1500°C. The DSC plots for both types of powder are 
shown in Figure 5-8, where it can be seen that these temperatures are ~ 1040°C and 
1360°C for the VM and ~ 500 – 700°C and 1130°C for the VA respectively. Although, it is 
hard to identify the exact position of the glass transition temperature, particularly in the case 
for the VA. 
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Figure 5-8 Differential scanning calorimetry plots, obtained using a heating rate of 10°C min-1, 
for powders of (a) VM and (b) VA. 
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5.2.5 X-ray Diffraction 
The phases present in both types of powders, and in coatings exposed to CMAS, were 
investigated via X-ray diffraction measurements made using a Philips PW1710 
diffractometer, with CuKα radiation ( = 0.154 nm), 40 kV accelerating voltage and a 40 mA 
filament current. A step size of 0.02° was used with a 4 second dwell per step. The XRD 
profiles are shown in Figure 5-9, where it can be seen that the VM samples contain only the 
expected vermiculite phase, where it can be seen that four possible crystalline phases have 
been identified for the VA, mostly at relatively low levels. These correspond to albite (sodium 
aluminium silicate), enstatite (magnesium silicate), sanidine (potassium sodium aluminium 
silicate) and magnetite (iron oxide). Albite is a plagioclase feldspar mineral, common in 
granitic rocks. Enstatite is commonly found in igneous and metamorphic rocks. Sanidine is a 
potassium feldspar, usually found in volcanic rocks. Finally, magnetite is one of the most 
common naturally occurring iron oxides. Due to many of the strong peaks overlapping, it is 
difficult to say which crystalline phases are definitely present, although, these four were 
found to be the most likely candidates. In both cases, the prominent broad peak at around 
20 – 30° (2) is a clear indication that a substantial proportion of amorphous phase exists. 
The amorphous and crystalline phase proportions were calculated after peak deconvolution 
and profile fitting performed using Phillips PROFIT software. The software can fit Lorenzian, 
Gaussian, pseudo-Voigt and Pearson-Seven profiles, all of which can be symmetrical or 
asymmetric. This procedure allows the determination of peak positions, peak areas and 
widths. The amorphous proportions of the VM and VA samples were determined to be 
roughly 40 – 50% and 80 – 90% respectively. 
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Figure 5-9 X-ray diffraction profiles from powders of (a) VM and (b) VA. 
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5.2.6 Application of VM/VA Powder and Microstructural Examination 
VM and VA powders were applied onto the surface of free-standing YSZ coatings and 
also on specimens attached to alumina substrates, using the following steps (see schematic 
in Figure 5-10). The amount of VM/VA powder added was measured as percentage weight, 
with respect to the coating mass (measured after the short initial heat treatment): 
 Spray adhesive applied onto the surface of PS YSZ coatings  
 VM/VA powder sprinkled on top  
 Specimens were placed in a furnace held at either 1000°C (for VA) or 1200°C (for 
VM) for 10 minutes and were subsequently taken out and left to air cool. This step 
ensured that no powder was lost during subsequent handling of the specimen. 
 
Figure 5-10 Schematic showing procedure for application of VM and VA powder onto TBC 
specimens 
Experiments were carried out where such CMAS-incorporated free-standing coatings 
were subjected to various heat treatments, and small section of them were periodically cut 
off, polished, mounted and examined. SEM micrographs were taken of these sections, 
together with EDX mappings of elemental distribution, with around 30 minutes accumulation 
time. Particular attention was drawn to the distribution of Si, which is present at substantial 
levels in both VM and VA species, whilst it is virtually absent from the YSZ. 
Figure 5-11 shows a BSE image of the transverse section of a free standing PS TBC, 
after 10 minutes of heat treatment at 1200°C with 1.8 wt.% of VM addition. Figure 5-12 
shows a BSE image of the transverse section of a free standing PS TBC, after 10 minutes of 
heat treatment at 1000°C with 2.0 wt.% of VA addition. Corresponding EDX elemental maps 
are also shown. These images suggest that the initial treatment causes sufficient decrease 
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in the viscosity of the CMAS, and therefore it readily spreads over the coating surface, is 
rapidly followed by its penetration into the (porosity within the) near-surface region of the 
coating. 
 
Figure 5-11 Showing BSE image of the transverse section of glassy VM layer on the surface 
of a free standing PS TBC, after 10 minutes of heat treatment at 1200°C, and corresponding 
EDX elemental maps 
 
Figure 5-12 Showing BSE image of the transverse section of glassy VA layer on the surface 
of a free standing PS TBC, after 10 minutes of heat treatment at 1000°C, and corresponding 
EDX Si map. 
Addition of 2 wt.% VA 
after 10mins at 1000°C 
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5.2.7 Stiffness Measurement of Coatings with CMAS 
Free-standing YSZ specimens were used to determine their stiffness as a function of 
heat treatment time, temperature and CMAS addition level. Heat treatments were conducted 
using a Lenton 1700 UAF 17/4 Furnace. Samples with CMAS incorporated on one side (in a 
similar fashion to as described in section 5.2.6) were placed on a clean, flat dense alumina 
surface and placed inside the furnace once the set temperature had been reached. After 
heat treatment, they were taken out and left to cool in air. The in-plane Young’s modulus 
values were obtained via four point bending, as outlined in section 5.1.7. However, in order 
to account for the inevitable inhomogeneity in the microstructure (as CMAS was applied only 
on one side), stiffness measurements were made by taking an average of the Young’s 
modulus value measured with the specimen orientated with the CMAS layer on top and on 
the bottom. 
5.2.8 Coating In-Plane Shrinkage with Sintering 
In-plane shrinkage of the YSZ coatings (with and without CMAS incorporation) was 
monitored using a Netzsch 402C dilatometer. Samples, of dimensions ~ 5 × 10 × 0.5 mm, 
were subject to isothermal heating at 1400°C and 1500°C for 20 hours. A calibration run was 
conducted in order to correct for dimensional change of the alumina push rod.
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5.3 Methodology for Investigating the Deposition Behaviour of VA 
Particulates Inside a Small Gas Turbine Engine 
5.3.1 VA Powder Characterisation 
The same VA powder, as described in earlier sections, was employed for these 
experiments. Thus details of the starting bulk chemical composition, phase constitution, 
particle morphology and DSC properties of this VA may all be found in section 5.2. The 
specific heat capacity for this VA specimen was measured to be approximately 800 J kg-1 K-1. 
The heat capacity calibration constant, required in order to determine the absolute heat flow, 
was measured using a sapphire standard. 
Four different particle size distributions were used in the experiments, and these were 
obtained using a Malvern P580 Mastersizer E. The four different sieved fractions are shown 
in Figure 5-13, for fractions designated as “fine”, “medium 1”, “medium 2” and “coarse”. The 
average diameters in these cases were approximately 20 m, 50 m, 75 m and 100 m 
respectively. These nominal particle sizes were selected since it has been reported [224, 
257] that the maximum size of particles ingested into a jet engine is typically about 100 m.  
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Figure 5-13 Particle size distributions of sieved VA powders (fine, medium 1, medium 2 and 
coarse), with the bin ranges indicated by the widths of the histogram columns. 
5.3.2 Pegasus HP Gas Turbine Engine Technical Specification 
The jet engine employed in this work was a Pegasus HP E-Start engine, manufactured 
by AMT Netherlands. It is a turbojet engine, with no by-pass air flow. The main technical 
specifications and operational parameters are shown in Table 5-6. The data presented refer 
to runs carried out with throttle settings at 100% and 50%, corresponding to engine speeds 
of approximately 120,000 RPM and 62,000 RPM respectively. All engine tests were carried 
out at the engine testing facility at AMT Netherlands (Geldrop), with the technical assistance 
of Bennie van de Goor, which is gratefully acknowledged.  
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Parameter 
Engine speed 
(RPM) 
120,000 62,000 
Engine Diameter (mm) 120 
Engine Length (mm) 342 
Combustion Chamber Length (mm) 100 
Engine Weight (kg) 2.225 
Fuel Type Kerosene 
Measured Average Thrust (N) 141 22 
Pressure Ratio 3.2:1 2.9:1 
Air mass flow rate (kg s-1) 0.375 0.185 
Fuel consumption (kg s-1) 0.0081 0.0025 
Exhaust gas temperature (˚C) 600 480 
Table 5-6 Operational parameters for the jet engine 
The complete experimental set-up is shown in Figure 5-14(a), with the engine mounted 
horizontally, the intake facing the camera and the exhaust pointing towards the extraction 
unit in the wall. The powder feeding system comprised a Dreschel bottle, containing the VA 
powder, with the inlet connected to a compressed air line and the outlet secured on a clamp, 
so that the ash was fed more or less axially into the intake. Compressed air entered the 
Dreschel bottle via the inlet, which then swirled the VA around, eventually pushing the 
particles out through the outlet. The feed rate was controlled by adjusting the pressure of the 
compressed air line. 
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Figure 5-14 (a) Photograph of the experimental set-up and (b) schematic illustration of an 
ideal, simple gas turbine engine 
5.3.3 Borescope for Engine Inspection 
The interior of the engine concerned was examined after each run, using a 5.5 mm 
diameter rigid borescope with 90° direction and 55° field of view (Inspection Optics Ltd.). The 
endoscope had a focusing eye piece and was connected to a 24 W light source, and an SLR 
camera, in order to capture the images. 
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6.0 Prediction of Spallation Lifetime of PS TBCs based on 
Sintering-Induced Stiffening  
In this chapter the effect of sintering-induced stiffening on the driving force for spallation 
of PS TBCs was investigated. Spallation lifetimes of TBC specimens sprayed onto alumina 
substrates were measured as a function of coating thickness. A simple fracture mechanics 
approach was employed in order to deduce a value for the strain energy release rate using 
measured coating expansion coefficients and stiffness values. The critical strain energy 
release rate was found to be approximately constant, and if this value had been known 
beforehand, then the rationale presented here could be used for prediction of coating lifetime. 
Although experiments presented here are based on the use of a ceramic substrate, the 
approach could be applied to conventional metallic substrate systems. The results presented 
in this chapter were published in [258]. 
6.1 Measurement of TBC Critical Strain Energy Release Rate 
In order to experimentally evaluate the critical strain energy release rate for TBC 
spallation (driven by sintering-induced stiffening), the following global fracture mechanics 
approach was adopted. The expression for the interfacial strain energy release rate 
presented earlier (Equation 2-6) was set to equal the interfacial fracture energy. The strain in 
this case, justified by experimental procedures to follow, originates solely from differential 
thermal expansion between the coating and the substrate as they are rapidly cooled down 
(see Equation 2-2). The driving force for spallation is thus given by the expression: 
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Note that this equation assumes that spallation is not initiation-dominated and once the 
condition of Gi = Gic is satisfied, the propagation of an interfacial crack becomes 
energetically favourable. Once a spallation event was observed (after being subject to a 
well-defined thermal history, as described in section 5.1.4), the value of ETBC at that point 
(measured by four point bending of free-standing specimen, as described in section 5.1.7) 
was inserted into Equation 6-1 to determine Gic. 
6.2 Thermal Expansion 
Dilatometry data in the form of a plot of strain against temperature (during cooling) are 
shown in Figure 6-1 for the alumina substrate and for the free-standing YSZ coating. It can 
be seen that the expansivity of the YSZ is appreciably higher than that of the alumina at low 
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temperatures ( ~ 2.7 × 10-6 K-1), although the difference is less pronounced at high 
temperatures ( ~ 2.3 × 10-6 K-1). The important parameter here is the magnitude of the 
misfit strain, , where ΔT is the effective temperature change during quenching and 
is the difference in expansivity between coating and substrate, which should be summed 
over this range. In the present work, ΔT was taken to be from 1100°C to 100°C, giving a 
misfit strain (obtained by integration of  over this range) of approximately 2.2 millistrains. 
The upper temperature was taken to be 1100°C, rather than 1500°C (used for heat 
treatments), in an attempt to take account of the substantial creep relaxation of stresses 
expected at temperatures above 1100°C. The TBC is likely to stress relax substantially and 
maintain a relatively stress-free state at temperatures over 1100°C, even with rapid cooling. 
This estimate is indeed a crude one, although it is broadly based on information of creep 
rates obtained both by experimentation [114, 259] and in the modelling work [128, 178, 179] 
reported in literature.  
 
Figure 6-1 Dilatometry data, showing how the expansivities of the alumina substrate and the 
YSZ coatings vary with temperature 
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6.3 Sintering-Induced Stiffening 
Figure 6-2 shows measured Young’s modulus values for free-standing YSZ coatings, as 
a function of heat treatment time at 1400°C and 1500°C. These measurements were made 
with and without “weights” - i.e. an alumina plate on top of the specimen, which eliminated 
the development of curvature. The error bars represent standard deviations on sets of 
between 2 and 4 specimens in each case.  
 
Figure 6-2 Measured stiffness data, obtained via four point bending, for YSZ coatings heat 
treated at 1400°C and 1500°C. The error bars represent standard deviations on sets of 
between 2 and 4 specimens in each case. 
The mechanisms of sintering operative in plasma sprayed YSZ coatings are well 
documented [178, 179]. It can be seen in Figure 6-2 that the associated stiffening is rapid at 
these very high temperatures. It has been found that even at temperatures as low as 1100°C, 
the initial as-sprayed stiffness of around 10 – 15 GPa is observed to increase by a factor of 
two or three within a few tens of hours [114, 163, 171, 174, 175, 180]. It is also clear from 
Figure 6-2 that data obtained by bend testing can be significantly overestimated by curvature 
development, particularly at 1500°C. Even slight curvature in the transverse direction is 
known to raise the apparent beam stiffness substantially and in those specimens the 
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curvature was apparent to the naked eye when laid on a flat surface. The origin of the 
curvature is unclear, but it is likely that it arises from differential shrinkages occurring during 
sintering and hence this would be a phenomenon associated with grain boundary diffusion, 
rather than surface diffusion [178]. It is probably caused by different degrees of constraint 
along the edges/outer surface of the samples compared with the bulk of the coating in the 
interior, although it is possible that effects such as through-thickness gradients in the 
microstructure (e.g. due to varying pore architecture) could be at least partly responsible 
[170]. It tends to be a problem only with relatively high sintering temperatures (i.e. > 1400°C), 
such as those employed here. The forces generated are low, so the effect can be eliminated 
by the small weights (2 mm thick alumina plates placed on top) used in the current work. 
From an alternative point of view, the coatings creep very readily at these temperatures, and 
so can easily be flattened. It was found that a problem does arise, however, when the 
specimen are overlaid with weights, in which case they tend to sinter onto the coatings after 
a while, even with the interruption of periodic quenching. The measurements with weights at 
1500°C therefore extend only up to 10 h. Stiffness values for longer times were obtained 
from the extrapolated curve (“1500°C, with weights”) shown in Figure 6-2. The equation for 
this curve was found to be: 
 
 E 12.5 34.9t
0.20
 
Equation 6-2 
 
where E is in GPa and t is in hours. 
6.4 Sintering-Induced Changes in Microstructure 
Figure 6-3 Shows SEM images of the fracture surface of PS TBCs in its (a) as-sprayed 
state (using spray parameters shown in Table 5-4) and (b) after 20 h of heat treatment at 
1500°C. The usual PS structures are apparent in the first image, with columnar grains visible 
within overlapping splats. The structures are, however, slightly more fragmented and refined 
compared to standard APS microstructures as these specimens were prepared under LPPS 
conditions. In the second image, due to the prolonged high temperature treatment, the 
columnar grains are no longer distinguishable, primarily due to grain growth and also the 
removal of fine-scale intra-splat cracks and voids. The remaining larger voids have also 
taken a spherodized form, probably due to surface diffusion effects. These changes in the 
microstructure all point towards a consistent picture of a rapid decrease in surface area of 
the coatings, which results in an almost four-fold increase in the global in-plane stiffness 
(after approximately 20 h at 1500°C), as seen previously from the stiffness plots in Figure 
6-2. 
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Figure 6-3 (a) Fracture surface of as-sprayed PS TBC (using spray parameters shown in 
Table 5-4) and (b) fracture surface of the same specimen after 20 h heat treatment at 
1500°C. 
6.5 Spallation Lifetimes 
Spallation results obtained for 1500°C are summarized in Figure 6-4, which presents 
data from 18 specimens (of YSZ coatings on alumina substrates), with coating thicknesses 
varying in the range of 300 – 700 m. The lifetimes, which discounts any time spent during 
the heating or cooling transients, range from about 40 h to over 150 h. It can be seen that, 
thicker coatings show a distinct tendency to spall more quickly, and the inverse relationship 
is seemingly linear. The strong correlation shows that coating failure is mainly driven by 
elastic stresses induced in the bulk of the coating. This effect of coating thickness is intuitive, 
as this is due to the greater stored elastic strain energy (see Equation 6-1) in the coating, per 
unit area of interface, and the theory is familiar for a wide range of coating systems. 
Nevertheless, these results do illustrate quite clearly that any lifing methodology focussed 
solely on the chemistry and topography of the interface, or near-interfacial regions is unlikely 
to be reliable. 
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Figure 6-4 Experimentally observed spallation lifetimes at 1500°C for YSZ coatings on 
alumina substrates, plotted as a function of coating thickness. Each data point represents a 
single spallation event. 
6.6 Edge Relaxation Effects and Segmentation Cracks 
In principle, for each of the spallation lifetimes shown in Figure 6-4, it should be possible, 
using the corresponding coating stiffness value, ETBC, to obtain a value for Gic from 
Equation 6-1. However, there is a complication associated with the in-plane dimensions of 
the specimen. These specimens are quite small in the planar directions relative to the 
coating thickness. There is also a pronounced tendency for through-thickness 
(“segmentation”) cracks to form within the coating when the system is subject to differential 
thermal contraction stresses - as indeed commonly observed to develop in YSZ coatings on 
gas turbine components in service. Such through-thickness cracks are presumably created 
by in-plane tensile stresses. With a conventional Ni alloy substrate, in-plane tensile stresses 
arise (from differential thermal expansion) during the heating part of the cycle, or it could 
also occur during cooling under a thermal gradient. With an alumina substrate, which has a 
lower coefficient of expansion than the YSZ coating, such stresses would be tensile only 
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during cooling in an isothermal system. Nevertheless, deep segmentation cracks appear to 
form readily in both cases. Furthermore, once formed, they were found to persist throughout 
prolonged holding at high temperature, suggesting that they rapidly become too wide to be 
readily healed during the high temperature dwell. 
In all spallation cases, “partial spallation” was observed, in the form of debonding and 
detachment of sections of the coating between segmentation cracks and the edge/corners of 
the sample. Photographs of samples illustrating this effect are shown in Figure 6-5, and all 
other specimens in this study were observed to spall in a similar fashion. All such substantial 
debonding events tended to be classified as spallation (where more than 10% of the total 
coating area were observed to spall off) when viewed via the webcam. However, this meant 
that careful geometrical characterisation of the spalled specimens was then required in order 
to apply an energy-based fracture mechanics analysis. It was necessary to take into account 
the relatively small area of many of the debonded regions, and a significant fraction of the 
spalled material was close to either a segmentation crack or the edge. 
 
Figure 6-5 Optical photographs of 4 YSZ/alumina samples after heat treatment at 1500°C, 
showing partial coating spallation. 
Within regions of the coating close to segmentation cracks, or to specimen edges, the 
in-plane stresses responsible for driving spallation become partially relaxed and a correction 
is required to account for this effect. At such a lateral free surface, the in-plane stress in the 
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coating normal to that plane (which would be the stress driving an interfacial crack from this 
region) must fall to zero. There will be a characteristic distance, , on moving laterally away 
from the free surface, over which this stress gradually rises to the far field bulk value. The 
assumption is made here that this stress rises linearly from zero at the edge to  at a 
distance  away from it, as described by the following equations: 
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Equation 6-4 below gives the expression for the stored elastic energy, U, assuming 
linear elastic behaviour (with an equal biaxial stress state) associated with one of the two 
in-plane stresses. This expression is derived assuming that only the stress parallel to the 
crack propagation (of the two components making up the equal biaxial stress state) can be 
relaxed as the crack passes since the other in-plane stress is still constrained. 
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So that the energy in a relaxed region near a free edge may be written as: 
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where w is the width of the region concerned and h is the coating thickness. Equating this 
width to L, the (measured) perimeter of the relaxed region, leads to the following expression: 
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The stored elastic energy in regions remote from the edge and the segmentation cracks 
is given by: 
 
 
U
bulk


0
2 1 
2E
A
f
h  Lh 
 
Equation 6-7 
 
where Af is the total interfacial fracture area.  
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Hence the total energy stored is given by: 
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The interfacial strain energy release rate is obtained on dividing this expression by Af. 
Equation 6-9 below is the expression for the interfacial strain energy in terms of strain rather 
than stress. Comparing the resultant expression with Equation 6-1, reveals that the net effect 
is to introduce a geometric correction factor accounting for stress relaxation effects, which 
reduces the driving force by a significant fraction: 
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The value of  cannot be obtained rigorously as it is sensitive to details of the way 
surrounding material is constrained, but its magnitude is expected to be of the order of h, the 
coating thickness, at least approximately, and this assumption was made in the current work. 
Poisson’s ratio, , was taken to be equal to 0.22 [12]. Values of Af and L were measured by 
processing images of the spalled specimens, such as those shown in Figure 6-5, using the 
software “ImageJ” (see Figure 6-6). The correction factor of (1 - (2L/3Af)) had a value in 
the range of 30 – 70% for these specimens, depending on the size of the spalled region, 
thus having a significant impact on the values for the resulting critical strain energy release 
rate. 
 
Figure 6-6 The illustration above shows exactly how parameters L (perimeter of the spalled 
area) and Af (total interfacial fracture area) were evaluated by image analysis. The spallation 
specimen corresponds to the one shown in Figure 6-5(a). 
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6.7 Deduction of Interfacial Fracture Energies 
For each of the spallation specimens, estimates of the critical strain energy release rate 
(Gic) were obtained by substituting measured values of Af 
and L into Equation 6-9, together 
with the estimated value for the misfit strain (2.2 millistrain) and the Young’s modulus 
corresponding to the heat treatment concerned (Figure 6-2). There are fewer data points in 
Figure 6-7 than in Figure 6-4 because for some specimens, the heat treatment (including 
periodic quenching) was not terminated until it had continued well beyond the initial 
spallation event. The spallation lifetime (Figure 6-4) for such specimens had been captured 
on video, but the repeated subsequent exposure to cooling jets caused the coatings to 
rapidly disintegrate (with further partial spallation taking place), so the image analysis 
needed to determine variables in Equation 6-9 could not be carried out. Therefore the 
corresponding points could not be included in Figure 6-7. While there is certainly some 
scatter in the data (of approximately a factor of 2) shown in Figure 6-7, the results are 
consistent with an approximately constant value of Gic, having a magnitude of the order of 
300 J m-2. This is encouraging, since it might be expected that the (YSZ/alumina) interface 
would not undergo much microstructural change (morphological or chemical), even when 
exposed to temperatures as high as 1500°C for extended periods, therefore consistent with 
an approximately constant value of Gic. 
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Figure 6-7 Interfacial fracture energy values, plotted as a function of coating thickness. 
These data were obtained using Equation 6-9, the spallation lifetime data in Figure 6-4 
(conducted at 1500°C), the misfit strain during quenching ( ~ 2.2 millistrain), the 
Young’s modulus corresponding to the heat treatment concerned (Figure 6-2) and measured 
values of Af and L. Each data point represents a single spallation event. 
It is also worth noting that this Gic value implies that the alumina/YSZ interface is a fairly 
tough one. It may be noted that interfacial cracks propagating under this type of driving force 
will be doing so under predominantly mode II (shearing mode) loading. The appropriate 
fracture energy value will therefore be that for mode II, which will tend to be appreciably 
higher than the value for the same interface under mode I (opening mode) loading 
conditions [100, 122]. Typically the interfacial fracture energy is found to increase with phase 
angle loading (a measure of the relative shear to opening mode loading at the crack tip). 
This is primarily due to crack shielding caused by the non-planarity of the interface. This is 
consistent with it having a rough topography as a result of the laser treatment, and good 
mechanical keying having been achieved between the two components due to the use of 
LPPS for the spraying. If the interface had been less rough, then debonding would have 
occurred more readily - i.e. without requiring such long exposures at high temperatures. It 
was indeed found during experimentation that in the cases where the alumina substrate 
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surface was not sufficiently rough or the coating spraying was done by APS rather than 
LPPS, that premature debonding tended to occur either during the spraying (due to 
differential misfit strains which incur when the specimen cools in the short period in between 
spray passes or at the end of the programme), or during the first few hours of heat treatment 
with periodic quenching. In all spallation specimens fracture occurred predominantly along 
the interface, with little retention of YSZ splats on the substrate surface and vice versa. This 
is consistent with the assumption of brittle failure. 
6.8 Section Summary 
The following conclusions can be drawn from this chapter. 
a) A simple methodology has been outlined for prediction of the spallation lifetimes of 
plasma-sprayed YSZ coatings, based on a global fracture mechanics criterion. This 
spallation criterion is simply the strain energy release rate associated with debonding 
reaching a critical value (i.e. the interfacial fracture energy), with this driving force 
being solely generated by the thermal misfit strain () associated with cooling 
from a stress-free upper temperature. In other words at elevated temperature, creep 
relaxation within the TBC prevents the build up of significantly large stresses. This 
way any complex analysis involving residual or internal stress states which may play 
an important role in the delamination process of the ceramic top coat is avoided. 
Upon rapid cooling of the system, it can often be assumed that all of the thermal 
misfit strain is accommodated in the coating, making it easy to estimate the 
associated stresses and thus the strain energy. This is reasonable, since the alumina 
substrate employed in this work is much thicker and stiffer in comparison. The 
cooling may in practice not be entirely elastic, depending on the cooling rate, but in 
cases where some stress relaxation occurs it should be possible to establish an 
effective temperature drop and hence an effective misfit strain. In this work, rapid 
cooling was established by gas quenching and considering the low ductility of TBCs 
below ~ 1100°C, it seems reasonable to assume that elastic response would occur in 
preference (to diffusive mechanisms such as creep and plastic deformation) during 
the cooling phase. 
b) The experimental procedures presented in this work were designed to isolate the 
effects of sintering from those associated with any changes in the interfacial 
microstructure and interactions between the coating and substrate. Effects arising 
from the presence of thermal gradients in the system were also avoided. This was 
achieved by using fully dense alumina substrates, as this allowed for specimens to 
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be isothermally heat treated at high temperatures, and ensured that interface 
remained stable throughout. Misfit strains in this system on cooling to ambient 
temperature (of the order of a few millistrain) are similar in magnitude to those for 
conventional YSZ/superalloy combinations, although of opposite sign. Special 
processing procedures were developed, which involved laser treating the substrate 
surface in order to create a suitably tough interface. It was also necessary to take 
account of edge effects and the influence of segmentation cracks on the effective 
strain energy release rate (as in-plane stresses in the volume of the coating near 
those regions are partially relaxed). 
c) Experimental data were obtained for the change in coating stiffness as a function of 
heat treatment time and temperature. Spallation lifetime data at 1500°C were also 
obtained, using a computer-controlled furnace system with a periodic quenching 
capability, for a number of specimens, covering a range of coating thicknesses. A 
strong correlation was established between lifetime and coating thickness, as 
expected for debonding driven by release of stored elastic strain energy, which is 
directly proportional to the thickness. Measured spallation lifetimes were consistent 
with an approximately constant value of the interfacial fracture energy ( ~ 300 J m-2). 
d) The methodology presented here should be applicable to conventional coating 
systems i.e. of TBC/superalloy combination. There are, of course, several 
complicating issues in real life systems. The interfacial region would undergo 
microstructural changes (primarily due to bond coat oxidation and interdiffusion of 
alloying species which may result in the formation of pores, cracks etc) during service. 
Nevertheless, it should be possible to determine the value of fracture energy of a 
conventional interface and also measure how this might change with time at 
temperature, and perhaps even identify an appropriate damage evolution law. It is 
also important to recognise that the model incorporates certain assumptions, such as 
the coating being stress-free at elevated temperature and the focus being on crack 
propagation being energetically favourable, rather than on crack initiation or 
sub-critical crack growth. The latter point relies on the assumption that suitable flaws 
where crack propagation may initiate are already present along or near the interface. 
The likelihood for crack propagation may also be affected by edge effects and 
specimen geometry. Finally, it may be noted that certain practical points immediately 
follow from the conclusions of this work, such as the potential value of monitoring the 
stiffness of the coatings in order to evaluate their remaining lifetime. 
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7.0 The Effect of Vermiculite and Volcanic Ash on the 
Degradation and Spallation Lifetime of TBCs 
In this chapter the effect of vermiculite (VM) and volcanic ash (VA) contamination on the 
sintering-induced spallation lifetime of PS TBCs was investigated. Commercially available 
VM powder was deemed to have a composition similar to siliceous compounds ingested by 
aviation engines. VA powder was collected from the Laki volcanic vent in Southern Iceland. 
The presence of both VM and VA was found to induce deleterious microstructural changes 
in the coatings which accelerated the rise in their Young’s modulus. Spallation results show 
that coating lifetime may be significantly reduced, even at relative low VM/VA addition levels 
( ~ 1 wt.%), due to the loss of strain tolerance caused by the penetration of glassy deposits 
and accelerated sintering. This simple result gives a clear insight into the role CMAS plays in 
destabilizing TBCs by degrading its in-plane compliance. The results presented in this 
chapter were published in [260]. 
7.1 Effect of VM and VA Deposits on Coating Microstructure 
7.1.1 Ingression of VM Melt into the Coating 
Figure 7-1 shows BSE images of transverse polished cross sections of detached YSZ 
coatings, with 1.8 wt.% surface addition of VM, after different heat treatment times at 1200°C. 
Corresponding EDX mappings for Si are also shown. These images suggest that the initial 
treatment causes sufficient decrease in the viscosity of the VM that it readily spreads over 
the coating surface, followed by rapid penetration into the porosity of the regions near the 
surface of the coating. Typical porosity levels in PS YSZ, and also in those produced by 
EB-PVD, are about 10 – 15 vol.%, with most of it being interconnected. It seems likely that 
the glassy amorphous layer retains its integrity, although there are clear indications that a 
significant proportion of the surrounding zirconia dissolves in it. This of course is a well 
known thermo-chemical interaction between YSZ and CMAS-type deposits, as outlined in 
[208]. For example, the depth of the liquid layer is apparently about 70 – 80 m (after 
10 mins of heat treatment), whereas its thickness would be less than half that if it were 
composed solely of the original VM. 
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Figure 7-1 Showing transverse section BSE images of PS TBC with 1.8 wt.% surface 
addition of VM, after 10 minutes, 1 h and 10 h isothermal exposure to 1200°C, and their 
corresponding EDX mappings, following the movement of Si. 
Further evidence show that the Si-rich region created initially (i.e. after 10 minutes) was 
composed of a mixture of glassy VM species and residual crystalline zirconia. This is 
provided by the XRD profiles shown in Figure 7-2, obtained from the free surface of a 
specimen with 3 wt.% VM addition, and data is presented for increasing heat treatment times 
at 1200°C. It can be seen that the initial XRD profile exhibits essentially just a substantial 
broad peak at 20 – 30° 2, reflecting the presence of an amorphous phase, superimposed 
with the sharp peaks corresponding to t’ YSZ. It was found that the amorphous phase 
proportion was roughly 50% after 10 minutes of heat treatment at 1200°C. This implies that 
the dissolution of a substantial proportion of the original zirconia grains had taken place. 
These figures are of course approximate, and it should be noted that the VM addition level 
was higher in the specimen used to produce the spectra in Figure 7-2, compared with the 
one used to create Figure 7-1. However, they both point towards a consistent picture 
concerning the early stages of the VM infiltration mechanism. 
The other Si maps in Figure 7-1 suggest that, after longer heating times (1 h and 10 h), 
the Si-rich (i.e. the heavily liquid infiltrated) layer gradually disappears, presumably by the 
diffusion of the VM species into the rest of the coating. This method of monitoring the Si 
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distribution is not suitable for the construction of an accurate composition profile, but it would 
appear that these species become homogeneously distributed throughout the coating fairly 
quickly. It seems likely that the diffusion takes place predominantly along the grain 
boundaries.  
 
Figure 7-2 XRD profiles from the free surface (the VM infiltrated side) of a YSZ specimen, 
with 3 wt.% VM surface addition, after different periods of holding at 1200°C (where 
m = monoclinic, t = tetragonal and c = cubic phases). 
The XRD spectra for the longer times shown in Figure 7-2 also give some important 
insights into the VM ingression mechanism taking place. These show a gradually reducing 
intensity of the amorphous peak, accompanied by increasing intensities for the tetragonal 
zirconia peaks and also the appearance of some strong peaks characteristic of monoclinic 
zirconia - located at around 28° and 32° (2). The amorphous phase content had reduced to 
around 40% (from the initial 50%) after 20 h of heat treatment at 1200°C. This is consistent 
with a progressive penetration (by viscous flow) of VM species into the bulk of the coating, 
reducing the amount of residual liquid. It also seems that the dissolution and reprecipitation 
of zirconia grains simultaneously takes place. It may be noted that peaks corresponding to 
crystalline VM were not detected. However, a peak (at around 27°) that could possibly be 
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identified as ZrSiO4 becomes apparent after 20 h at 1200°C. Other phases that could 
conceivably be responsible for this peak include iron oxide, silicon oxide (quartz) and 
potassium zirconium silicate. Of course this spectrum alone does not allow a confident 
conclusion regarding the formation of new crystalline phases to be drawn, although it would 
not be surprising if this phase were to be formed, since it has been reported previously [249] 
during similar experiments. 
Figure 7-3 shows XRD spectra of YSZ, with 3 wt.% VM surface additions, after 
treatments of 5 h and 20 h at 1200°C. These specimens were subjected to careful 
mechanical polishing/lapping in order to remove the partially glassy top layer. These spectra 
indicate that, while the structure is fully crystalline, the presence of VM still induces some 
monoclinic zirconia to form at this depth. Such results were previously masked by the 
presence of the large amorphous peak. This is not unexpected, since it is known that high 
levels of CMAS-type impurities often promote formation of the monoclinic phase, caused by 
the dissolution (and the leaching out) of yttria by the silica rich amorphous phases that 
rapidly infiltrate and diffuse into the bulk of the coating [208, 249]. Since this is a diffusion 
controlled mechanism, it is not surprising that the monoclinic peaks are more prominent after 
20 h of heat treatment. This observation is also consistent with the idea that species from the 
VM rapidly diffuse into the bulk of the coating. 
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Figure 7-3 XRD profiles of YSZ specimens, with 3 wt.% VM surface additions, after 5 h and 
20 h at 1200°C (where m = monoclinic, t = tetragonal and c = cubic phases). These spectra 
were obtained after the top glassy layer had been removed by polishing (to depths of, 
respectively, about 100 µm and 60 µm). 
7.1.2 Sintering-Induced TBC Stiffening and Shrinkage with VM and VA 
The Young’s modulus data for free-standing YSZ coatings, with and without surface 
additions of VM and VA are shown in Figure 7-4 and Figure 7-5. The error bars represent 
standard deviations on sets of between 2 and 4 specimens in each case. Although data in 
the cases where CMAS additions were made were only obtained up to 5 – 10 h of heat 
treatment, it is clear that both VM and VA substantially accelerate the rate of stiffening 
caused by sintering effects. Measurements were only made up to 5 – 10 h because 
specimens either had embrittled so much they tended to thermally fracture during 
subsequent heat treatments, or in other cases measurements were terminated because 
substantial curvature development was detected. Curvature, particularly in the transverse 
direction is known to raise the apparent beam stiffness substantially (see section 6.3). The 
origin of such curvatures in this case are from differential sintering in the through-thickness 
direction, as CMAS powers were only applied onto one side of the TBC specimens. The 
increase in stiffness is particularly marked for the case of VM at 1500°C in Figure 7-4, where 
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a substantial amount of liquid present was present, and much of the sintering was 
liquid-assisted (i.e. involved viscous flow by capillary action into the pores and defects). The 
high Young’s modulus value measured (~ 110 GPa) after just 1 h of heat treatment is 
plausible since such high level of CMAS incorporation should raise the stiffness value to at 
least that of typical glasses (Eglass ~ 90 GPa) and in fact would be expected to be even 
higher as dense YSZ has a stiffness value of around 200 GPa. Even at a lower temperature 
of 1200°C, the effects of such CMAS additions at these levels are very significant. These 
results are consistent with the microstructural observations presented in section 7.1.1. 
 
Figure 7-4 Young’s modulus data for free-standing YSZ coatings for samples with VM 
additions, at 1200°C and 1500°C. The error bars represent standard deviations on sets of 
between 2 and 4 specimens in each case. 
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Figure 7-5 Young’s modulus data for free-standing YSZ coatings for samples with VA 
additions, at 1200°C. The error bars represent standard deviations on sets of between 2 and 
4 specimens in each case. 
Further conclusions on the effect of VM additions on the sintering behaviour at high 
temperature can be drawn from Figure 7-6, which show dilatometry data. It can be seen that 
the sintering induced in-plane shrinkage is considerably accelerated by the presence of the 
VM. It is worth noting that this shrinkage reflects only the effects of grain boundary diffusion, 
as it is well known that surface diffusion does not cause shrinkage. Although both types of 
diffusion do contribute to the associated stiffening [178, 179]. The fact that the VM 
accelerates the shrinkage is consistent with its promotion of sintering being primarily due to 
substantially enhanced diffusion and mass transport at the grain boundaries and free 
surfaces. 
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Figure 7-6 Dilatometry data obtained during heating of free-standing YSZ coatings at 
1400°C, and also at 1500°C (with and without VM additions). 
7.2 Spallation Lifetimes with VM and VA 
Spallation lifetimes at 1500°C, measured as a function of VM concentration, are shown 
in Figure 7-7. It can be seen that even relatively low VM addition levels (less than 1 wt.%) 
can have a pronounced effect in reducing spallation lifetime at this very high temperature. 
This is consistent with the stiffness and dilatometry data. The plot in Figure 7-8 shows 
corresponding spallation data for VA additions, at a lower holding temperature of 1200°C. In 
this case also, there is a dramatic effect. In fact, considering that the temperature is lower, 
such that, in the absence of any CMAS, the lifetime is expected to be very long, it can be 
seen that the VA has a stronger effect than the VM. In fact, coating specimens without any 
CMAS additions were observed not to fail past 300 h of heat treatment at 1200°C. This is 
unsurprising in view of the fact that the VA has lower Tg and melting temperatures than the 
VM (see Figure 5-8). This simple result gives a clear insight into the role CMAS plays in 
destabilizing TBCs by degrading its in-plane compliance. Significant levels of CMAS 
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infiltration would, of course, lead to other coating property changes such as coefficient of 
thermal expansion and thermal conductivity. However, regarding spallation resistance, the 
dominant effect is caused by the substantial rise in coating stiffness. 
 
Figure 7-7 Spallation lifetime results obtained for 1500°C, as a function of VM surface 
addition level. Specimen coating thicknesses were on average 740 m. When the VM 
concentrations are expressed as mg cm-2 instead, the data points range from 0 – 
18.2 mg cm-2. Each data point represents a single spallation event. The line has been 
included as a guide to the eye. 
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Figure 7-8 Spallation lifetime results obtained for 1200°C, as a function of VA surface 
addition level. Specimen coating thicknesses were on average 650 m. Coating specimens 
without any VA additions were observed not to fail past 300 h of heat treatment. When the 
VA concentrations are expressed as mg cm-2 instead, the data points range from 3.6 – 
24.7 mg cm-2. Each data point represents a single spallation event. The line has been 
included as a guide to the eye. 
Previously in sections 5.1 and 6.0, a fracture mechanics based methodology was 
presented for the estimation of the critical strain energy release rate from a measured 
spallation lifetime, by knowing the coating stiffness as a function of time at the temperature 
when failure was observed. It was found that the interfacial fracture energy, for the cases 
where there was no CMAS, had a value of about 300 ± 100 J m-2. The interface for the 
specimens used in these CMAS experiments was produced in an identical manner. Thus the 
fracture energies for cases with CMAS were determined by a similar methodology. However, 
there were only four data points for which the stiffness as a function of time and CMAS level 
was available. These data are presented in Table 7-1, where it can be seen that the 
estimated interfacial fracture energies were about 200 – 500 J m-2 for the VM additions and 
100 – 200 J m-2 for the VA additions. There is an issue, of course, that these values are very 
approximate and based on minimal data. However, it is still worth noting that they are 
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roughly similar to those obtained in the absence of CMAS, in which case a more systematic 
set of data was obtained. This is expected, since the interface remained more or less stable 
(judging by inspection of specimen interfaces post spallation). However, it is plausible that 
should some CMAS reach the interface, it may possibly contribute to its degradation 
(creation of voids, cracks etc) and thus reduce the interfacial fracture energy as a result. It is 
possible this may have happened to some degree in the specimens with VA additions, as 
the fracture energies are observed to be slightly lower. 
Time at T = 1500°C (h) VM level (wt.%) Predicted E (GPa) Gic 
2 4.2 199 470 
1 4.7 108 240 
Time at T = 1200°C (h) VA level (wt.%) Predicted E (GPa) Gic 
0.8 2.8 54 110 
13.1 1.8 71 150 
Table 7-1 Calculated values of the critical strain energy release rate, Gic, using spallation 
lifetime to estimate its stiffness. 
7.3 Section Summary 
The following conclusions may be drawn from this chapter. 
a) A study was undertaken on the effects of the addition of two types of CMAS 
(calcia-magnesia-alumina-silica) powders (Vermiculite (VM) and a volcanic ash, 
(VA)) to the free surfaces of plasma-sprayed zirconia coatings, either free-standing or 
attached to an alumina substrate. These specimens were subject to heat treatments 
(in the temperature range 1200 – 1500°C). Attention has been drawn on both the 
microstructural changes induced as the powders softened/melted and infiltrated the 
coatings and how this affected the sintering behaviour. Coating stiffness and 
shrinkage was monitored (as a measure of the progression of sintering) and their 
spallation lifetimes as a function of CMAS addition level were measured. 
b) It was found that molten VM and VA penetrate rapidly into the bulk of the coating. 
Depending on the heat treatment temperature, a layer is formed which is a mixture of 
liquid and residual zirconia grains, where some of the original zirconia were dissolved 
in the liquid and then subsequently reprecipitated. This liquid infiltrated layer 
progressively lessens, as species within it diffuse deeper into the coating. Diffusion 
takes place predominantly via the grain boundaries and free surfaces, and eventually 
the elements concerned become uniformly distributed throughout the coating. This 
tends to happen fairly quickly. For example, a near homogenous distribution of VM is 
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achieved in a few tens of hours at 1200°C, for a coating thickness of about 500 – 
700 m and a surface CMAS addition level of a few wt.%. 
c) This ingression of VM and VA accelerates the coating sintering behaviour, 
predominantly by promoting grain boundary diffusion. This is demonstrated by 
enhanced coating shrinkage and more rapid stiffening. As a consequence, when the 
coating is subject to heat treatment and periodic quenching, the more additions are 
made, the higher the likelihood of spalling. This is because upon cooling (from a 
stress-free upper temperature), a misfit strain arises (due to differential thermal 
contraction) and the resultant strain energy release rate is increased by the 
accelerated stiffening of the coating. 
d) It is clearly shown here that the penetration of VM and VA species has the potential 
to compromise the thermo-mechanical stability of YSZ coatings. While the present 
work has only been carried out on plasma-sprayed TBCs, it is expected that the 
conclusions apply equally to those produced by EB-PVD. However, it is important to 
note that this type of damage can only occur if particles (ingested by the gas turbine 
engine) do sufficiently impinge on TBC surfaces and also subsequently deposit at 
significant concentration levels. There are several basic conditions which must be 
met for efficient sticking of ingested CMAS. For example, these particles must have 
low glass transition/melting point such that sufficient softening/melting must be 
achieved before impact. The heating and acceleration behaviour is also a function of 
particle size. Particle size also determines the amount of inertia a particle has, and 
when it is carried by a fast moving gas stream, this will affect whether the particle will 
follow the streamline or deflect away from it, if the flow happens to turn rapidly. These 
ideas are explored further in chapter 8.0. 
e) Novel coating formulations may be devised (and indeed a few candidates have been 
reported in recent literature, see section 4.4) with improved resistance to the 
CMAS-induced microstructural changes responsible for enhanced sintering. 
Understanding the complex thermochemical and thermomechanical reaction 
between CMAS and YSZ is essential for developing alternate coating compositions, 
which should be designed to mitigate CMAS attack. 
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8.0 Deposition of Volcanic Ash on Surfaces in the Turbine of a 
Small Jet Engine 
In this chapter the adhesion characteristics of ingested volcanic ash has been studied 
using a small jet engine. The effects of two engine speeds and four particle size distributions 
were investigated. Particulates were fed into the air intake at a controlled rate and deposition 
on turbine surfaces was qualitatively assessed using an optical fibre borescope. Deposition 
mainly occurred on the nozzle guide vane leading edges and the adjoining blade platform. It 
was not observed on the rotor blades. A simple numerical model was used to predict particle 
acceleration and heating in flight. It was observed and predicted that relatively large particles 
(~ 100 m) are more likely to adhere than smaller ones, because they have greater inertia 
and thus are more likely to impact a turbine surface. Estimated values of Stokes numbers for 
the different particle sizes, in the gas environment concerned, are broadly consistent with 
this. The temperature of the larger particles at the end of their flight was predicted to be 
below their softening point. However, since the stationary component surface temperatures 
are expected to be hotter than the particles themselves, adhesion of such particles is 
apparently probable, by softening straight after impact. Particles larger than around 100 m 
would probably not adhere, since they would be much too cold, but also the ingestion of 
such large particulates is not very likely. The results presented in this chapter are currently in 
press for publication [261]. 
8.1.1 Numerical Modelling of Particle Acceleration 
Particle acceleration and heating were modelled in a 1-D Lagrangian frame of reference. 
Particles are assumed to move predominantly under the influence of the drag force exerted 
by the gas, Fdrag, so that particle location is determined by the following equations [220, 
227]: 
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where xp is the particle displacement, mp is the particle mass, Up is the particle velocity, A is 
the particle frontal area, CD is the drag coefficient, f  is the carrier fluid (air) density and U∞ 
the free stream velocity. 
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The following assumptions are also made: 
• Particles are rigid spheres 
• Gas flow is laminar 
• The density of the particulate is much higher than that of the gas (p >> f) 
Under these conditions, the particle equation of motion reduces to: 
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where Dp is the particle diameter. A constant value of 0.5 was used for CD, which is typical 
for a sphere at relatively high Reynolds numbers (of the order of 103). The particle Reynolds 
number is given by: 
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where f is the air dynamic viscosity. Typical values for the particle Reynolds number 
calculated in this study were in the range 140 – 700, which are broadly consistent with those 
reported in literature of CMAS particles inside a gas turbine engine, which are in the range of 
0 – 2300 [262]. 
The Stokes number (ratio of characteristic time, , of a particle suspended in fluid flow to 
the characteristic time of the fluid flow over an obstacle) can be expressed as: 
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where Lc is the characteristic dimension of the obstacle. The Stokes number, as obtained 
using Equation 8-5, and taking the free stream velocity to be 365 m s-1, particle density to be 
2400 kg m-3, gas viscosity to be 4.4 × 10-5 kg s-1 m-1 and obstacle dimension to be 10 mm 
(approximate turbine blade chord length of this particular gas turbine engine used), has a 
value of about 1,000 (representing a strong tendency to deviate from the gas streamlines) 
for a particle diameter of 100 µm, but a value of about 0.1 (representing a strong tendency to 
follow streamlines) for a particle diameter of 1 µm. 
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8.1.2 Numerical Modelling of Particle Heating 
The particle was taken to be isothermal throughout its volume (i.e. Newtonian cooling 
conditions), initially at temperature T0, and surrounded throughout by gas at T. The 
equation describing convective heat exchange between gas and particle may be written: 
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where Q is the heat flux, h is the convective heat transfer coefficient, cp,p is the specific heat 
capacity of the particle, Tp is the particle temperature and Sp is the particle surface area. By 
expressing Sp and mp in terms of Dp and p, the following equation is obtained: 
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Radiation is unlikely to have a significant effect over the temperature range of interest 
here and has hence been neglected. The heat transfer coefficient was estimated, as a 
function of the relative velocity between particle and surrounding gas, using the 
Ranz-Marshall correlation for the Nusselt number [263, 264]: 
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where kf is the thermal conductivity of the gas and Pr is its Prandtl number, given by 
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with a value of about ~ 0.70 for air. Typical values for the heat transfer coefficient calculated 
in this study were in the approximate range 10 – 30 kW m-2 K-1. 
The input data used in the model are listed in Table 5-6. The free stream gas velocity 
was assumed to be equal to the calculated jet speed, Vjet. The jet speed was evaluated from 
the measured gross thrust, FG, the inlet air mass flow rate, air, and the fuel consumption 
rate, fuel. The thrust is simply equated to the momentum flux: 
 
G air fuel jet( )F m m V   Equation 8-10 
 
The far field gas temperature was assumed to be equal to the calculated turbine entry 
temperature, corresponding to the temperature at location 3 (T3) in the schematic of a simple 
gas turbine engine, shown in Figure 5-14(b). This was evaluated assuming isentropic 
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compression across the compressor (from the pressure ratios in Table 5-6) and using the 
perfect gas relationship for isentropic change: 
 
( 1) /
const.
T
p  
  Equation 8-11 
 
where p and T are the gas pressure and temperature, and  is the ratio of the specific heat 
capacities of air (taken to be equal to 1.4 in this case). The combustion process was 
modelled as reversible and isobaric. The fluid (air) was modelled as an ideal gas throughout 
the cycle. The steady flow energy equation was used to evaluate the rate of heat release for 
the combustion process: 
 
combustion air p,air 3 2 fuel( )Q m c T T m LCV    Equation 8-12 
 
where T4 is the exhaust gas temperature (see Figure 5-14(b)), cp,air is the specific heat 
capacity of air (taken to be 1005 J kg-1 K-1) and Hfuel is the calorific value of the kerosene 
(taken to be 43 MJ kg-1). The total power input from combustion (at engine speed of 
120,000 RPM) was found to be around 350 kW. 
Finally, the following finite difference equations were used in order to solve Equation 8-1, 
Equation 8-2 and Equation 8-7 numerically, using Euler’s method in Matlab: 
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where t is the time step used in order to conduct the iteration. A value of 10-7 s was used, 
which gave adequate accuracy and stability of the modelling results.  
The validity of the assumption of Newtonian cooling conditions (i.e. the particles are 
isothermal throughout) was checked for all cases studied by evaluating the Biot number: 
 p
p
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hD
k
  Equation 8-16 
 
which needs to be well below unity for this to be a reliable approximation. The Bi values 
obtained were in the range 0.17 – 0.32, which is considered acceptable in the context of 
(order of magnitude) calculations of the type being carried out here.  
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The schematic shown below in Figure 8-1 summarizes the parameters and boundary 
condition used in this numerical modelling of particle acceleration and heating through the 
combustion chamber. Finally, all the input parameters used in the numerical modelling are 
listed in Table 8-1. 
 
Figure 8-1 Schematic illustration showing parameters and boundary conditions used in the 
numerical modelling of particle acceleration and heating through the combustion chamber 
(not to scale). 
Parameter 
Engine speed (RPM) 
120,000 62,000 
Free stream velocity, U∞ (m s
-1) 365 115 
Far field gas temperature, T∞ (°C) 1070 710 
Air density at T3 and p3, f (kg m
-3) 0.84 1.04 
Air dynamic viscosity at T3, f (kg s
-1 m-1) 4.4 × 10-5 4.0 × 10-5 
Air Prandtl number, Prf 0.70 0.71 
Air thermal conductivity at T3, kf (W m
-1 K-1) 0.08 0.06 
Particle density, p (kg m
-3) [265] 2400 
Particle thermal conductivity, kp (W m
-1 K-1) [266] 2 
Particle specific heat capacity, cp,p (J kg
-1 K-1) 800 
Initial particle velocity, U0 (m s
-1) 0 
Initial particle temperature, T0 (°C) 20 
Drag coefficient, CD (-) 0.5 
Table 8-1 Input parameters for particle acceleration and heating model 
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8.2 VA Powder Adhesion Characteristics 
8.2.1 Observed Deposition Behaviour 
Experimental parameters and deposition observations are summarized in Table 8-2. 
The observed deposition was assessed according to “Engine Damage Level”, the definition 
for which is found in Table 8-3. It is worth noting that the engine was completely stripped and 
any damaged components were re-serviced after each run. No deposition was observed 
when the engine was running at 62,000 RPM. This is not surprising, since the estimated 
turbine entry temperature, T3, in this case was 710°C. Both the component surfaces and 
particle temperature at the end of flight was probably insufficient to cause deposition, the 
particles would have bounced off upon impact - and indeed signs of abrasion was apparent 
in some areas of the nozzle guide vane. On the other hand, when the engine was run at 
120,000 RPM, for which the turbine entry temperature was estimated to be 1070°C, 
deposition was observed to be extensive in several cases. These cases will now be studied 
in some detail. 
Run 
Code VA grade 
Engine 
speed 
(RPM) 
VA feed 
rate 
(g min-1) 
Duration 
(s) 
VA 
injected 
(g) 
VA 
concentration 
(g m-3) 
Engine 
Damage 
Level 
A Fine 120,000 10.9 110 20 0.59 1 
B Medium 1 120,000 6.7 90 10 0.36 0 
C Medium 1 120,000 15 180 45 0.82 5 
D Medium 1 120,000 24 50 20 1.31 2 
E Medium 2 120,000 41.9 43 30 2.28 3 
F Coarse 120,000 2 30 1 0.11 0 
G Coarse 120,000 30 60 30 1.63 4 
H Fine 62,000 15.4 78 20 1.70 0 
I Fine 62,000 32.4 37 20 3.58 0 
J Medium 1 62,000 23.1 52 20 2.55 0 
Table 8-2 Experimental parameters and deposition observations 
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Engine Damage 
Level 
Description 
0 No deposition 
1 Small amounts deposition on blades and blade platform 
2 Larger lumps of deposition on blades and blade platform 
3 
Larger lumps of deposition on blades and deposition observed over a 
significant area ( ~ 30%) of the blade platform 
4 
More deposition on blades and lumps deposited on blade platform cover a 
greater area ( > 50%) with deposit layer height exceeding ~ 1 mm 
5 
Large amounts of deposition on blade surfaces (more than 50% of the 
blades were affected), film deposition all over the blade platform and 
overall engine performance was significantly reduced during the run 
Table 8-3 Engine damage level key 
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The images of deposition shown in Figure 8-2, Figure 8-3, Figure 8-4 and Figure 8-5 
were obtained using the borescope, when the engine was run at 120,000 RPM. In all cases, 
there was no deposition on the rotor blades and the images shown are of the nozzle guide 
vanes and the adjoining blade platform, both of which were uncoated and made of Inconel 
alloy. They are organised in increasing order of damage level to the engine (1 being the 
lowest and 5 the most severe). 
Figure 8-2 shows images taken after run A (fine VA, with a total of 20 g injected). The 
sample of VA injected in this case had an average particle size of ~ 20 m. Small amounts 
of VA have deposited (a) on the leading edge of the blades, and (b) as a thin layer on the 
adjoining blade platform. Deposition on the leading edge was only observed on one or two 
vanes (out of a total of 22). This was classified as damage level 1. 
 
Figure 8-2 Run A (fine VA, total of 20 g injected) borescope images. Small amounts of VA 
have deposited (a) on the leading edge of the vanes, and (b) a small area of thin layer 
deposition is observed on the blade platform. (damage level 1)
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Figure 8-3 shows images taken after run D (medium 1 VA, with a total of 20 g injected). 
The sample of VA injected in this case had an average particle size of ~ 50 m. More 
pronounced lumps of VA have deposited (a) on the leading edge of the vanes and (b) a 
similar coverage of thin layer deposition was observed on the blade platform. This was 
classified as damage level 2. Compared to damage level 1, the height of the deposit lumps 
were more pronounced, although it was still restricted to a few locations (two or three vanes). 
It is noticeable that, particularly from Figure 8-3 (a), once adhesion of a significant amount of 
VA has taken place, further deposition seems to build up in the same locations, i.e. the prior 
presence of adhered particles promotes further adhesion [216, 223, 225]. This can be 
explained in terms of increased surface roughness (and possibly substrate temperature, by 
creating local hot spots), which raises the likelihood of particle impact leading to adhesion. 
 
Figure 8-3 Run D (medium 1 VA, total of 20g injected) borescope images. More pronounced 
lumps of VA have deposited (a) on the leading edge of 2 – 3 vanes and (b) similar coverage 
of thin layer deposition observed on the adjoining platform. (damage level 2)
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Figure 8-4 relates to run E (medium 2 VA, total of 30 g injected). The sample of VA 
injected in this case had an average particle size of ~ 75 m and the observed damage was 
classified as level 3. It can be seen that deposition is now more substantial, and extends to a 
larger proportion of the available surface, demonstrating that coarser particles deposit more 
effectively, and that deposition is indeed progressive. The discolouration of the leading edge 
and suction side of the blades also indicates heavy abrasion. This observation supports the 
conjecture that larger particles are more likely to impact surfaces and a larger fraction of it 
are also more likely to be too cold to deposit, hence contribute more to erosive effects. 
However, more powder was injected in run E compared to previous runs A and D. 
 
Figure 8-4 Run E (medium 2 VA, total of 30 g injected) borescope images. (a) Larger lumps 
and larger area of deposition were observed, both on the blades and the platform. (b) More 
pronounced signs of erosion (seen from the discolouration) on the leading edge and suction 
side of the blades. (damage level 3) 
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Finally, Figure 8-5 relates to run G (coarse VA, total of 30 g injected). The sample of VA 
injected in this case had an average particle size of ~ 100 m, which was the coarsest 
specimen. The observed damage was classified as level 4. Deposition layer was seen all 
along the blade platform (covering more than 50% of the exposed area) and large lumps of 
deposition was observed on a few vanes. Again, extensive erosive damage was observed all 
along the leading edge and across entire surface of the suction side of the blades. 
Approximately the same amount of powder was injected as run E, demonstrating the strong 
effect of average particle size on the level of adhesion.  
 
Figure 8-5 Run G (coarse VA, total of 30 g injected) borescope images. (a) Deposition layer 
seen all along the blade platform, covering more than 50% of the exposed area, and some 
large lumps on the blade leading edges. (b) Extensive blade erosion seen on leading edge 
and suction side of vanes. (damage level 4) 
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The observed deposition behaviour and damage characteristics exhibited are 
summarised in Figure 8-6, which basically indicates that more extensive deposition occurred 
with the coarser particles. In all cases, the deposition was progressive with continued 
injection of powder, i.e. the more powder was injected (for a certain particle size), the more 
deposition tended to take place.  
 
Figure 8-6 Damage level index as a function of the total amount of VA injected, for the four 
particle sizes, with an engine speed of 120,000 RPM. 
8.2.2 Correlation with Modelled Particle Acceleration and Heating 
Predicted particle displacement and thermal histories (for an engine speed of 
120,000 RPM) are shown in Figure 8-7 and Figure 8-8, for all four particle sizes. Assuming a 
flight distance (combustion chamber length) of 100 mm, the time of flight and the particle 
temperature at the end of flight are shown in Table 8-4, for each particle size. Several 
features are apparent from these predictions. Firstly, as expected, smaller particles become 
appreciably hotter during flight. The fine particles reach temperatures fairly close to the gas 
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combustion temperature (1070°C) by the time they enter the turbine (after about 0.7 ms), 
whereas the coarsest particle (100 m) have only reached about 400°C by that point, 
despite the fact that its flight takes almost twice as long (1.3 ms). Of course, it may be noted 
that while 1070°C is well above Tg ( ~ 600°C), and close to the melting temperature, 400°C 
is appreciably below Tg. Therefore, whilst the fine particles are basically molten, the coarse 
particle is solid just before the point of impact. Secondly, the velocity of the finest particles at 
that point (226 m s-1) is considerably higher than that of the coarsest particles (137 m s-1). 
 
Figure 8-7 Predicted particle velocity as a function of time, for a free stream velocity of 
365 m s-1 (which is the estimated jet speed for an engine speed of 120,000 RPM). 
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Figure 8-8 Predicted particle temperature and displacement as a function of time, for a free 
stream velocity of 365 m s-1 and a far field temperature of 1070°C (these are estimated 
values for the jet speed and turbine entry temperature for an engine speed of 120,000 RPM). 
Dp 
Time of flight 
(ms) 
Up at end of flight 
(m s-1) Tp at end of flight (°C) 
Fine ( ~ 20 m) 0.68 226 1011 
Medium 1 ( ~ 50 m) 0.95 174 677 
Medium 2  (~ 75 m) 1.12 152 507 
Coarse ( ~ 100 m) 1.26 137 403 
Table 8-4 Calculated time of flight values (assuming 100 mm long combustion chamber), 
and corresponding particle speed and temperatures (for an engine speed 120,000 RPM). 
Now these modelling outcomes should be considered in relation to the observation 
made that coarser particles more readily adhere than the finer ones. Two points should be 
highlighted. Firstly, particle size has a strong influence on the particle inertia. Finer particles 
tend to follow gas streamlines, whereas larger ones may have sufficient inertia to ensure that 
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they do not deflect with the gas flow when its direction changes sharply. The gas flow would, 
for example, turn rapidly as it flows past the nozzle guide vanes and the adjoining blade 
platform. Only when particles are not readily carried with the gas stream would they be likely 
to strike a component surface, and it seems that the fine particles in these experiments did 
not do this. In other words, they would rapidly accelerate to match the gas stream velocity 
and then subsequently be carried straight through the engine. The calculated values for the 
Stokes number for all particle sizes tabulated below supports this idea: 
Dp Stk 
Fine ( ~ 20 m) 44 
Medium 1 ( ~ 50 m) 277 
Medium 2 ( ~ 75 m) 622 
Coarse ( ~ 100 m) 1106 
Table 5 Calculated values for the particle Stokes number 
Secondly, while the coarse particles are predicted to be relatively cold on impact 
(400°C), the temperature of the stationary surfaces concerned (nozzle guide vanes and the 
platform) are expected to be well above this level. Since the turbine entry temperature of the 
gas is estimated to be above 1000°C, the stationary surface temperature may indeed be 
above the Tg of the VA ( ~ 600°C), in which case the particles may soften immediately upon 
impact, which makes spreading and subsequent adhesion highly probable. Of course, in 
order to predict rigorously whether adhesion is expected, it would be necessary to model the 
impact and spreading phenomena, including the associated heat transfer between the 
particle and the hot surface. However, in general it seems plausible to suggest that particles 
of around 50 – 100 m are moving fast enough, and have sufficient inertia, to strike these 
substrates on entering the turbine and that, when they do, their temperature, and that of the 
substrate, taking into account the (relatively low) Tg value of this particular VA, are such that 
they soften sufficiently to spread and adhere on impact. 
8.3 Section Summary 
The following conclusions can be drawn from this chapter. 
a) A small gas turbine engine has been used in order to investigate the deposition 
behaviour of ingested volcanic ash (VA) powder. There are virtually no reports in the 
open literature where such an experimental set-up (using a real gas turbine engine) 
has been employed. Therefore, there is considerable interest in quantifying the factors 
which affect the likelihood of ingested particles adhering to internal surfaces, since it is 
clear that adhesion can rapidly lead to severe degradation (as discussed previously in 
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Chapter 7.0) and may substantially affect component longevity. Two engine speeds 
(62,000 RPM and 120,000 RPM) and four different particle size distributions of VA 
particles were used in the experiments, with average particle diameters of around 
20 m, 50 m, 75 m and 100 m. The VA powder had an approximate Tg value of 
around 600°C. This sample of VA was also found to have a substantial amorphous 
content of ~ 80 – 90% (as is commonly found in naturally occurring volcanic ash). 
b) No deposition was observed when the engine was run at the lower engine speed. 
There was also no deposition observed in any run on the rotating turbine blade 
surfaces. However, significant deposition on stationary surfaces (nozzle guide vanes 
and adjoining blade platform) was seen in several cases with the engine at full power. 
It was noticeable that the coarser the particles (and the more particles were fed 
through), the more deposition took place. 
c) A simple numerical model was used to predict particle displacement and thermal 
histories within the combustion chamber. It was thus possible to predict the time of 
flight and the particle temperature upon entry to the turbine section. At full power, the 
gas turbine entry temperature was estimated to be about 1070°C. Fine particles 
( ~ 20 m) were predicted to practically reach this temperature after flight through the 
combustion chamber, which takes less than 1 ms. The relatively limited deposition 
observed with the fine particles is mainly attributed to their low inertia, which means 
they tend to be carried with the gas streamline (without impacting any surfaces), even 
if it were to rapidly turn. These particles are predicted to be travelling at about 200 – 
250 m s-1 as they enter the turbine, with the surrounding gas stream velocity estimated 
to be about 350 m s-1. No systematic modelling has been attempted of the expected 
trajectories such particles will follow when the gas stream deviates around obstacles, 
but their Stokes number is estimated to be relatively low, suggesting that they will tend 
to follow the streamlines and hence avoid impact with solid surfaces. 
d) Larger particles ( ~ 100 m) are predicted to be no hotter than about 400°C, which is 
below Tg, upon entry to the turbine. However, it appears likely that their relatively large 
inertia leads to a high probability of them striking solid surfaces within the turbine. In 
addition, these stationary surfaces are likely to be well above Tg as a result of heating 
by the gas stream, and therefore it is likely that the particles tend to become soft 
enough to spread and adhere on impact. One would expect that particles much larger 
than this (e.g. ~ 200 m) would be much too cold on impact for this to occur, but the 
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present experimental work has been limited to particles of up to around 100 m 
diameter.  
e) While these experimental observations are qualitative, and the model used is crude, 
the results appear to be consistent and to give at least some insights into the main 
deposition phenomena involved. The main conclusion is that VA of this type, which 
often has a relatively low Tg and a large amorphous content, can exhibit a marked 
tendency to adhere to stationary components within the turbine, particularly at full 
engine power and when the particles are relatively large. Since it is already 
established that such adhering of VA can have highly deleterious effects within a 
turbine, on both short and longer timescales, this is clearly an issue of concern, 
particularly regarding the lifetime of thermal barrier coatings. This work highlights the 
importance of characterising the physical properties of VA (notably the particle size 
distribution, Tg and its amorphous content) as a practical measure in assessing the 
kind of damage it may cause if ingested in substantial quantities. 
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9.0 Conclusions  
 A simple methodology for the prediction of (sintering-induced) spallation 
lifetimes of PS YSZ TBCs was outlined 
This spallation criterion is simply that, if the strain energy release rate associated with 
debonding reaches a critical value (i.e. the interfacial fracture toughness), then spallation is 
energetically favourable. Experiments were designed so that spallation was driven solely by 
a thermal misfit strain, associated with rapid cooling from a stress-free upper temperature. 
This misfit strain was assumed to be accommodated entirely by the coating, which is 
reasonable, since the alumina substrate employed in this work is much thicker and stiffer. 
The experimental set up was such that rapid cooling was achieved by gas quenching, hence 
it was reasonable to assume that the coating response would be predominantly elastic. The 
use of an alumina substrate meant that effects arising from changes in the coating/substrate 
interface (such as the development of a TGO) could be avoided. In addition, specimens 
could be isothermally heat treated, so complications that may arise from the presence of a 
thermal gradient were avoided. 
Experimental data were obtained for the change in coating stiffness as a function of 
temperature (1400°C and 1500°C). Spallation lifetime data were obtained at 1500°C, using a 
computer controlled system with a periodic quenching capability. A strong correlation 
between lifetime and coating thickness was established, which was expected, since the 
stored elastic strain energy (the driving force for spallation) is proportional to coating 
thickness. Measured spallation lifetimes (with appropriate corrections being made for edge 
effects and the presence of segmentation cracks) were consistent with constant interfacial 
fracture energy of approximately 300 J m-2.  
 This global fracture mechanics based methodology is also applicable to 
conventional TBC systems 
There are, of course, a few obvious differences between conditions created in this study 
and real life gas turbine systems. For example, the interfacial region is often not chemically 
stable in a real system, due to bond coat oxidation and interdiffusion of alloying species. 
However, if one were able to ascertain how this morphological and chemical change to the 
interface (with exposure to high temperature) is reflected in the value of the fracture energy, 
combined with the effects of coating sintering, then the rationale presented here may be 
used for prediction of coating lifetime. This work also highlights the practical importance of 
monitoring stiffness of coatings in service (as a degradation indicator), which may be 
implemented relatively easily. The stiffness may, of course, also be drastically altered by 
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adhesion and ingression of glassy deposits of foreign ingested particulates or CMAS 
(calcia-magnesia-alumina-silica compounds), such as sand and volcanic ash.  
 The effects of two types of CMAS (vermiculite and volcanic ash) on the 
sintering behaviour of PS TBCs were investigated 
Surface additions of CMAS on PS TBCs, either free-standing or attached to an alumina 
substrate, was made and were subject to heat treatments in the temperature range 1200°C 
– 1500°C. It was found that molten vermiculite (VM) and volcanic ash (VA) penetrate rapidly 
into the coating, at least initially, by viscous flow. A heavily liquid infiltrated layer is initially 
formed, followed by diffusion, mainly via the grain boundaries. It was found that, similarly to 
reports found in literature, the presence of VM at high temperature promotes formation of the 
monoclinic phase. This is caused by dissolution of the zirconia grains into the silica-rich 
amorphous phase (which results in yttria being leached out of the zirconia). The yttria-lean 
zirconia is subsequently reprecipitated out upon cooling, in the characteristic spherodized 
form, as monoclinic zirconia. The ingression of VM and VA was observed to accelerate the 
sintering behaviour, and this was demonstrated by enhanced coating stiffening and 
shrinkage. Understanding the complex thermochemical reactions between CMAS and YSZ 
is an essential aid to developing alternative coating compositions, designed to mitigate 
CMAS-induced degradation.  
 The effect of CMAS on the spallation lifetime of PS TBCs were investigated 
As a consequence of enhanced sintering, and hence stiffening of the TBC, it has been 
shown (using the periodic quenching furnace) that even small additions of CMAS (a few 
~ wt.%) may compromise the thermomechanical stability of the YSZ coatings. This result 
highlights the fact that, whilst low level exposure may not cause immediate catastrophic 
damage to TBC performance, it will nonetheless affect component longevity by accelerating 
the sintering-induced stiffening. This study has concentrated on the sintering behaviour and 
spallation lifetime of PS TBCs (with or without CMAS), but the same conclusions should, in 
principle, apply to EB-PVD coatings. However, it is important to note that this type of TBC 
damage (CMAS-induced sintering) can only occur if particulates do sufficiently impinge on 
TBC surfaces and subsequently deposit, at significant levels. It is therefore also important to 
study the parameters which affect the deposition behaviour of CMAS on turbine internal 
surfaces, in order to assess the scale of the overall damage caused. 
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 A small gas turbine engine was used to investigate the deposition behaviour of 
ingested volcanic ash 
A small gas turbine engine has been used in order to investigate the deposition 
behaviour of ingested volcanic ash (VA) powder. There are virtually no reports in the open 
literature where such an experimental set-up, using a real gas turbine engine, has been 
employed. Therefore, there is considerable interest in quantifying the factors which affect the 
likelihood of ingested particles adhering to internal surfaces, since it is clear that adhesion 
can rapidly lead to severe degradation and may substantially affect component longevity. 
Two engine speeds and four different particle size distributions of VA particles were used in 
the experiments, with average particle diameters of around 20 m, 50 m, 75 m and 
100 m. The VA powder had an approximate Tg value of around 600°C. Although this 
sample of VA was found to have a substantial amorphous content of ~ 80 – 90% (as is 
commonly found in volcanic ash), a melting temperature of around 1100°C was also 
evaluated by DSC. The main conclusion is that VA of this type can exhibit a marked 
tendency to adhere to stationary components within the turbine, particularly at full engine 
power and when the particles are relatively large. In other words, larger particles (with 
greater inertia) in hotter gas (at full engine speed) stick better to hotter surfaces (stationary 
components). The deposition behaviour was also observed to be progressive i.e. particles 
are more likely to stick to where deposition has already taken place. This is due to the 
increased surface roughness and possible hot spots created in deposited areas. 
 Comparison with numerical modelling results show that the characterisation of 
the physical properties of the volcanic ash, in order to assess likelihood of 
adhesion, is of practical importance 
A simple numerical model has been used to predict particle acceleration and heating in 
flight. It was observed and predicted that relatively large particles ( ~ 100 m) are more likely 
to adhere than smaller ones, because they have greater inertia, and thus are more likely to 
deflect away from gas streamline and impact a turbine surface. The temperature of the 
larger particles at the end of its flight was predicted to be below its softening point. However, 
since the stationary component surface temperatures are expected to be at least as hot as, 
and perhaps hotter than, the particles themselves, adhesion of such particles is apparently 
probable, by melting/softening straight after impact. Particles larger than around 100 m 
would probably not adhere, since they would be much too cold, but also the ingestion of 
such large particulates is not very likely. This work highlights the importance of 
characterising the physical properties of VA (notably the particle size distribution, Tg and its 
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amorphous content) as a practical measure in assessing the kind of damage it may cause if 
ingested in substantial quantities. 
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10.0 Future Work 
In this study, the effect of sintering-induced stiffening on the spallation behaviour of PS 
YSZ TBCs, deposited on alumina substrates, was investigated. Of course, in real life 
systems, the interfacial region undergoes microstructural changes during service, such as 
the formation of a TGO. In order to predict spallation lifetimes of conventional systems of 
TBCs on a metallic substrate, independently measuring the change in fracture energy with 
the growth of the TGO would be the next logical step. In addition, it would be of interest to 
see how the formation of segmentation cracks affect TGO growth. One would expect that 
growth would occur preferentially near the root of deep segmentation cracks, where oxygen 
and corrosive elements may easily reach the metallic interface. How the TGO growth may 
be affected by contact with CMAS species (if they ingress far enough to reach the interface 
at sufficient quantities), would also be of interest. It was found in this work that segmentation 
cracks, once formed, tended to persist, even when exposed to hundreds of hours at very 
high temperature ( ~ 1500°C). How the formation and persistence of segmentation cracks 
may be affected by the presence of CMAS is also of interest (i.e. whether CMAS aids or 
discourages crack healing by segregating at free surfaces). 
Improved understanding of the mechanism of CMAS penetration into YSZ coatings is 
required, with particular focus on the effect of TBC pore architecture and also the chemical 
composition of CMAS (which affects its glass transition, amorphous fraction and crystalline 
melting point). If one could identify the type of pore architecture which resists CMAS 
penetration, this would be valuable information for the development of TBCs which are more 
resistant to CMAS attack. The mechanism of penetration will affect the nature of the 
thermo-chemical interactions between the CMAS glass and TBC material, which will also aid 
the search for novel coating formulations. 
Finally, better understanding of the adhesion behaviour of impinging particulates on 
turbine surfaces is required. In particular, the modelling of the spreading of softened 
particulates straight after impact should be looked at in further detail. Such modelling should 
include the effects of substrate temperature (and also perhaps its topography) and the 
appropriate heat transfer parameters. In addition, inertial effects of whether particles follow 
the gas streamline or not, should be incorporated into the particle acceleration model. This 
may provide a threshold particle diameter, below which particles are not expected to hit 
turbine surfaces by inertial impaction. All such information would contribute to the refinement 
of guidelines for safe ingestion limits for both the aviation and power generation industry. 
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